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Abstract: TRIP-assisted C-Si-Mn steels are usually subjected to austempering with a preliminary inter-
critical annealing that is targeted at the multi-phase structure with 40–60 vol.% of proeutectoid ferrite.
The kinetics and the mechanism of phase-structural transformations can be impacted due to the
additional alloying of TRIP-assisted steel by the strong carbide forming elements, thus necessitating
an alternative approach for the selection of intercritical annealing parameters. This issue is analyzed
in the present work, which investigates the effect of the temperature of intercritical annealing on the
“Structure/Properties” correlations in 0.2 wt.% C-Si-Mn-Nb steel additionally alloyed by 0.55 wt.%
Cr, 0.20% Mo, and 0.11 wt.% V. The annealing temperature ranged from 770 ◦C to 950 ◦C, and austem-
pering was performed at 350 ◦C for 20 min. It was observed that the addition of the (Cr, Mo, and V)
complex significantly improved the steel hardenability. However, the annealing of steel at 770 ◦C
(to gain 50 vol.% of proeutectoid ferrite) resulted in the precipitation of coarse cementite lamellas
during bainite transformation, thus lowering the amount of retained austenite (RA) and decreasing
the strength and ductility of the steel. At higher annealing temperatures, carbide-free bainite was
formed, which presented a 2.5–3.5 times increase in the RA volume fraction and a 1.5 times increase
in the RA carbon content. The optimal combination of the mechanical properties (UTS of 1040 MPa,
TEL of 23%, V-notch impact toughness of 95 J/cm2, PSE of 23.9 GPa·%) referred to annealing at a
temperature close to the Ac3 point, resulting in a structure with 5 vol.% ferrite and 9 vol.% RA (the
residue was carbide-free bainite). This structure presented an extended manifestation of the TRIP
effect with an enhanced strain hardening rate due to strain-induced martensite transformation. The
impact of the alloying elements on the carbon activity in austenite served as the basis for the analysis
of structure formation.

Keywords: TRIP-assisted steel; ferrite; austenite; bainite; mechanical behavior; fracture

1. Introduction

Current approaches to the design of automobiles and other vehicles necessitate the
use of lightweight materials with improved mechanical and technological properties. The
use of such materials results in a reduction in the weight of vehicles, increased efficiency,
and a reduction in greenhouse gas emissions. Currently, the industry is actively employ-
ing a wide variety of steels, which includes the advanced high-strength steels of the first
generation [1,2]. Among them, the TRIP-assisted steels have attracted the attention of re-
searchers owing to their improved mechanical behavior and cost-effective alloying [3]. The
main characteristic of TRIP-assisted steels is their ability to transform into strain-induced
martensite [4], which helps in enhancing both strength and formability [5]. The TRIP effect
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is achieved in steels with low contents of carbon (0.1–0.2 wt.%) and alloying elements (Mn,
Ni, and Cr) [1,6,7]. This behavior is facilitated by alloying steel with a higher amount of
silicon and (or) aluminum and through a special heat treatment (austempering), during
which austenite (A) is enriched with carbon thus stabilizing to phase transformations. Even
in low-carbon low-alloy steel [8], the carbon content in austenite attains a high value (up
to 1.0 wt.%), ensuring the retention of 5–15 vol.% austenite, which is atypical for such
steels [9,10]. During deformation, retained austenite (RA) transforms into martensite and
provides the TRIP effect, which is considered to be a complex mechanism of metal adap-
tation to external load [11–13], contributing to enhancement in mechanical behavior [14],
formability [15,16], wear resistance [17,18], fatigue resistance [19,20], etc.

The fundamental concept of TRIP-assisted steel alloying entails the use of inexpensive
elements such as Si, Mn, and Al [1,6,15]. The characteristics of TRIP-assisted steels are
further enhanced by the micro-addition of V, Nb, Ti, and Mo through grain refinement
and precipitation strengthening [21–24]. According to Oja et al. [21], the micro-addition
of Nb and V to 0.2 wt.% C-Si-Al-Mo-Cu TRIP-assisted steel improved elongation and
ductility via grain refinement. Additionally, it was concluded [21] that Nb is more effective
than vanadium in respect of grain size control. Mohrbacher et al. [24] reported that due
to the involvement of various strengthening mechanisms, 0.03 wt.% Nb increased the
tensile strength of dual-phase DP980 HD steel by nearly 180 MPa. Moreover, precipitation
hardening along with grain refinement facilitates a more uniform strain distribution in
Nb-containing TRIP-assisted steel, which delays the necking in the specimen toward higher
deformation [24]. Abbasi et al. [25] added 0.04 wt.% Nb and 0.08 wt.% Mo to V-containing
TRIP-assisted steel and discovered that the (Nb, V, Mo)C precipitates have improved
thermal stability with a low tendency for coarsening during heat treatment, thus enabling
effective pinning of the mobile grain boundaries.

TRIP-assisted steel is rarely alloyed with other elements (Cr, Ni, Cu, and B), primarily
to increase its hardenability [15,21,26–29]. It was reported [15] that alloying with 1 wt.% Cr
improved the formability of the TRIP-assisted steel after isothermal holding at temperatures
below the martensite-finish temperature. Kučerová et al. [26] noticed an increase in ductility
of 0.2 wt.% C-0.6 wt.% Mn-2 wt.% Si-0.04 wt.% Nb after the addition of 0.8 wt.% Cr.
However, in this case, due to the presence of pearlite and low amounts of bainite and
RA, the microstructure was not typical for TRIP-steels. As a consequence of the lack of
systematic data, a further study on the effect of the above elements on the transformation
behavior and mechanical properties of TRIP-assisted steels is needed.

The multi-phase structure consisting of proeutectoid ferrite, bainite, and retained
austenite is the target of the conventional heat treatment of TRIP-assisted steels. Heat treat-
ment includes two stages: (1) intercritical annealing (IA) and (2) austempering (isothermal
holding for austenite→bainite transformation). In the first stage, carbon diffuses from the
α-phase to γ-phase, enriching the latter [30]. Furthermore, the alloying elements parti-
tion, enriching austenite with the gamma-stabilizer (Mn) and ferrite by alpha-stabilizers
(Si, Al) [31,32]. According to finding in Reference [33], holding low-carbon TRIP-assisted
steel at 770 ◦C resulted in austenite with a manganese content that is 2.6 times that of
ferrite. Meanwhile, ferrite was 13% enriched in silicon, as compared to austenite. Therefore,
intercritical annealing provides a substantial chemical stabilization of austenite, which
is crucial for the kinetics of its subsequent transformation [30,34–36]. The enrichment of
austenite with C and Mn depends on the austenite/ferrite volume ratio in the intercritical
range, which in turn is influenced by the annealing temperature relative to the Ac1 and
Ac3 points. The IA temperature is one of the key parameters of the heat treatment process
since it predetermines (a) the chemical composition of austenite before austempering hold-
ing (stage 2) and (b) the volume fraction of proeutectoid ferrite in the resulting structure.
According to the conventional approach [1,37,38], the IA temperature is chosen to acquire
40–65 vol.% of polygonal ferrite, providing the high ductility required for optimal steel
formability. In support of this, Guzman and Monsalve [39] recently reported that 57 vol.%
of ferrite is optimal for the mechanical behavior of CMnSiAl TRIP-assisted steel. However,
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adding other alloying elements (Cr, Mo, V, etc.) into TRIP-assisted steel may alter the
thermodynamic activity of carbon in the γFe and αFe phases, accelerating the formation of
cementite during bainite transformation [40]. As this scenario may lower the RA amount
and deteriorate steel ductility, it should be avoided by modifying the heat treatment strategy
(including the target ferrite amount). Therefore, to optimize the austempering parameters,
it is crucial to study the mechanism and kinetics of bainitic transformation in complex
alloyed TRIP-assisted steels. In light of the aforementioned observations, the present work
is dedicated to the evaluation of a (Cr, Mo, and V)-added TRIP-assisted steel exposed to an
austempering treatment, with a specific focus on the impact of an intercritical annealing
temperature on the “structure/mechanical properties” relationships.

2. Materials and Methods
2.1. Material and its Manufacturing Process

The experimental material was steel containing 0.20 wt.% C, 1.79 wt.% Si, 1.73 wt.% Mn,
0.55 wt.% Cr, 0.20 wt.% Mo, 0.11 wt.% V, 0.045 wt.% Nb, 0.009 wt.% S, 0.013 wt.% P, and Fe
balance. Steel was smelted in the open air in a 120-kg high-frequency induction furnace using
steel scrap, pig iron, and the master alloys (Fe-Mn, Fe-Si, Fe-Cr, Fe-Mo, Fe-V, Fe-Nb). The
smelt was deoxidized by aluminum and poured into graphite molds with an inner diameter
of 50 mm. The cast ingots were welded into the single rod and then electro-slag remelted to
produce an 80 mm diameter cast billet. This billet was subjected to preliminary forging with a
final hot rolling to produce a strip with a thickness of 15 mm. The strip was soft-annealed
at 900 ◦C and slowly cooled inside the switched-off furnace before machining. As shown
in Figure 1a, the annealed steel exhibited mostly a fine-grained “Ferrite (F) + Pearlite (P)”
structure (ferrite grain size of 8.1 ± 0.6 µm) with minor bainite areas. The standard heat
treatment (water quenching from 950 ◦C followed by tempering at 600 ◦C for 2 h (Q + T))
was also performed as a reference to reveal the advantage of austempering over the routing
heat treatment in the mechanical properties. After (Q + T) treatment the steel had a structure
of tempered lath martensite with the coarse globular carbide particles seen in the optical
microscope (Figure 1b).
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Figure 1. The microstructure of the experimental steel after (a) annealing and (b) standard heat
treatment (quenching + tempering).

2.2. Heat Treatment Mode Selection

The specimens were subjected to austempering, which involved austenitizing of the
specimens for 10 min in an electric furnace and further holding in a molten metal bath
(60 wt.% Sn + 40 wt.% Pb) with a final air cooling. The selection of heat treatment modes in-
cluded the determination of austenitizing temperatures (TA) and the austempering process
parameters. The variation in TA aimed to obtain different (vol.%) austenite/ferrite ratios be-
fore the austempering holding. The positions of critical points Ac1 (760 ◦C) and Ac3 (930 ◦C)
previously discovered for the steel under study [33] were used to select the appropriate



Metals 2022, 12, 1814 4 of 19

values of TA. Accordingly, austenitization was performed at 770 ◦C, 830 ◦C, and 900 ◦C,
corresponding to 50%F + 50%A (at 770 ◦C), 25%F + 75%A (at 830 ◦C), and 5%F + 95%A
(at 900 ◦C) [33]. Furthermore, to ensure 100% austenite before the austempering holding,
950 ◦C was chosen as the austenitizing temperature.

The analysis of the kinetics of austenite phase transformation, emphasizing the lower
bainite formation (which implies the holding temperature to be close to Ms) [41], led to the
derivation of the austempering parameters (holding temperature and holding duration). A
computer simulation was performed for this purpose using “JMatPro” (Version 7, Sente
Software, Guildford, UK) software (presuming the grain size of 10 µm). Figure 2 presents
the “Temperature-Time-Transformation” (TTT) diagrams for austenitization at 770 ◦C
(blue lines) and 900 ◦C (pink lines), which are close to the lower and upper limits of the
intercritical temperature range. As can be seen, the TTT-diagram performs the divorced
areas of pearlite and bainite transformations. When TA is 770 ◦C, the bainite and martensite
transformations begin at Bs = 458 ◦C and Ms = 252 ◦C, respectively, and the incubation
period at the “noses” of the pearlite area (612 ◦C) and bainite area (400 ◦C) was estimated
to be 22 s and 12 s, respectively. At a TA of 900 ◦C, bainite and martensite transformations
start at higher temperatures (Bs = 511 ◦C, Ms = 349 ◦C) while austenite exhibits reduced
stability with a minimum incubation period of 17 s at the pearlitic “nose” (618 ◦C) and 2 s
at the bainitic “nose” (438 ◦C). For comparison, the plot in Figure 2 presents a black line
which refers to the onset of austenite transformation in the previously examined similar
C-Si-Mn-Nb TRIP-steel [42] that is not alloyed by Cr, Mo, and V. It is evident that (Cr, Mo,
and V)-alloying significantly increases the stability of austenite, especially in the pearlitic
transformation area. Based on the TTTs, the austempering temperature was selected as
350 ◦C for all experimental regimes to be either slightly higher than (at TA = 770 ◦C) or equal
(at TA = 900 ◦C) to the Ms temperature. Accordingly, to ensure the bainite transformation’s
completion (99.9%) at different austenitization temperatures, a holding duration of 1200 s
was selected.

Metals 2022, 12, x FOR PEER REVIEW 4 of 21 
 

 

2.2. Heat Treatment Mode Selection 

The specimens were subjected to austempering, which involved austenitizing of the 

specimens for 10 min in an electric furnace and further holding in a molten metal bath 

(60 wt.% Sn + 40 wt.% Pb) with a final air cooling. The selection of heat treatment modes 

included the determination of austenitizing temperatures (TA) and the austempering 

process parameters. The variation in TA aimed to obtain different (vol.%) austenite/ferrite 

ratios before the austempering holding. The positions of critical points Ac1 (760 °C) and 

Ac3 (930 °C) previously discovered for the steel under study [33] were used to select the 

appropriate values of TA. Accordingly, austenitization was performed at 770 °C, 830 °C, 

and 900 °C, corresponding to 50%F + 50%A (at 770 °C), 25%F + 75%A (at 830 °C), and 

5%F + 95%A (at 900 °C) [33]. Furthermore, to ensure 100% austenite before the austem-

pering holding, 950 °C was chosen as the austenitizing temperature. 

The analysis of the kinetics of austenite phase transformation, emphasizing the 

lower bainite formation (which implies the holding temperature to be close to Ms) [41], 

led to the derivation of the austempering parameters (holding temperature and holding 

duration). A computer simulation was performed for this purpose using “JMatPro” 

(Version 7, Sente Software, Guildford, UK) software (presuming the grain size of 10 m). 

Figure 2 presents the “Temperature-Time-Transformation” (TTT) diagrams for austen-

itization at 770 °C (blue lines) and 900 °C (pink lines), which are close to the lower and 

upper limits of the intercritical temperature range. As can be seen, the TTT-diagram 

performs the divorced areas of pearlite and bainite transformations. When TA is 770 °C, 

the bainite and martensite transformations begin at Bs =458 °C and Ms=252 °C, respec-

tively, and the incubation period at the “noses” of the pearlite area (612 °C) and bainite 

area (400 °C) was estimated to be 22 s and 12 s, respectively. At a TA of 900 °C, bainite 

and martensite transformations start at higher temperatures (Bs =511 °C, Ms= 349 °C) 

while austenite exhibits reduced stability with a minimum incubation period of 17 s at 

the pearlitic “nose” (618 °C) and 2 s at the bainitic “nose” (438 °C). For comparison, the 

plot in Figure 2 presents a black line which refers to the onset of austenite transfor-

mation in the previously examined similar C-Si-Mn-Nb TRIP-steel [42] that is not al-

loyed by Cr, Mo, and V. It is evident that (Cr, Mo, and V)-alloying significantly increases 

the stability of austenite, especially in the pearlitic transformation area. Based on the 

TTTs, the austempering temperature was selected as 350 °C for all experimental regimes 

to be either slightly higher than (at TA = 770 °C) or equal (at TA = 900 °C) to the Ms tem-

perature. Accordingly, to ensure the bainite transformation’s completion (99.9%) at dif-

ferent austenitization temperatures, a holding duration of 1200 s was selected. 

 

Figure 2.TTT diagrams for steel austenitized at 770 °C (blue lines) and 900 °C (pink lines). The 

lines correspond to the start (0.1 vol. %) and finish (99.9 vol.%) of the transformation. The black 
Figure 2. TTT diagrams for steel austenitized at 770 ◦C (blue lines) and 900 ◦C (pink lines). The lines
correspond to the start (0.1 vol. %) and finish (99.9 vol.%) of the transformation. The black line refers
to (Cr, Mo, and V)-free steel (TA = 900 ◦C) (A, F, P, B, M are austenite, ferrite, pearlite, bainite, and
martensite, respectively).

2.3. Structure-Properties Evaluation

The heat-treated specimens were mechanically tested at room temperature using a
servo-driven tensile machine and a Charpy impact machine. The tensile specimens had
a 5 mm diameter and 30 mm long gauge, the V-notched impact specimens were 55 mm
long and of 7.5 mm × 10 mm in the cross-section. The loading rate at the tensile testing
was 5 mm/min. For each heat treatment mode, three tensile and three impact specimens
were used, and the average of the results was noted. The microstructure was observed on
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the specimens mirror-polished according to the standard metallographic technique and
etched by 4 vol.% Nital reagent. To characterize the microstructure, an optical microscope
(OM), Carl Zeiss Axiovert 40 MAT (Zeiss AG, Jenna, Germany), and a scanning electron
microscope (SEM) JEOL JSM-7000F (JEOL, Tokyo, Japan), equipped with an EDX-detector
INCAx-sight (Oxford Instruments, Abingdon, UK), were used. The point EDS analysis
of the precipitates was performed at ten points in different sights with further averaging
the results. The fine structure of the heat-treated specimens was investigated using a
transmission electron microscope (TEM) JEOL JEM 100C-XII (JEOL, Tokyo, Japan). To
make the foils for TEM characterization, the TEM specimens were ground to 0.10–0.15 mm
with consequent electro-polishing at minus 30 ◦C in a 6.3 vol.% perchloric acid solution.
The phase identification was performed using X-ray diffraction applying a Siemens D500
(Siemens, Munich, Germany) diffractometer with a CuKα radiation equipped with the
monochromator on the detector side (tube parameters: 40 kV and 30 mA, step: 0.025◦,
dwell time: 3 s, scanning speed: 0.0083 ◦/s). The volume fraction of RA and the carbon
content of RA were derived from the XRD patterns according to the procedure described in
Reference [43].

3. Results
3.1. Mechanical Properties Assessment

Figure 3 shows the engineering strain–stress curves that depict the axial tensile be-
havior of the specimens. For each austenitizing temperature, the specimens featured
continuous yielding with a neck formation. Notably, with the increase in TA, the load de-
creasing on the non-uniform deformation interval became more pronounced, thus reflecting
higher area reduction (AR) before the specimen fracture.
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Figure 3. “Engineering strain–Engineering stress” curves depending on the temperature of the
intercritical annealing.

Figure 4 presents the mechanical properties of steel. The dashed lines depict the level
of the (Q + T) heat treatment. Figure 4a demonstrates a monotonic increase in the strength
indicators of the austempered specimens as the austenitizing temperature increased from
770 ◦C to 950 ◦C. In particular, the yield tensile strength (YTS) increased from 482 MPa to
1074 MPa while the ultimate tensile strength (UTS) increased from 821 MPa to 1207 MPa.
The ultimate tensile strength (1040 MPa) reached the level of (Q + T)-treated steel after
austempering at TA = 900 ◦C, while the yield strength (900 MPa) was lower by 65 MPa.
YTS and UTS exceeded the (Q + T) level when the austenitizing temperature increased to
950 ◦C. The difference between UTS and YTS decreased with an increase in TA. Accordingly,
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the YTS/UTS ratio increased from 0.59 to 0.89, which is lower than that of the (Q + T)
heat treatment.
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The total elongation (TEL) values varied non-monotonically, with a maximum value
(25%) referred to as TA = 830 ◦C (Figure 4b). TEL decreased to 23% at TA = 900 ◦C, which
was higher than that at TA = 770 ◦C (22%). It is noteworthy that the TEL values for
TA = 770–900 ◦C were nearly two times those of the (Q + T)-treatment (12%). The TEL was
considerably reduced to 15% as a consequence of the increase in TA to 950◦C. The area
reduction tended to increase gradually with increasing TA, from 33% (at 770 ◦C) to 62% (at
950 ◦C). Impact toughness (KCV) varied transversally with TEL. The value of KCV, which
was 105 J/cm2 at TA = 770 ◦C, dropped to 58 J/cm2 at TA = 830 ◦C and then rose to 113 J/cm2

with a further increase in TA. It must be emphasized that the austempered specimens
performed 1.4–2.8 times higher impact toughness as compared to (Q + T)-treated specimens
(KCV = 41 J/cm2), regardless of the austenitizing temperature. Figure 4b displays the
influence of TA on the PSE index (Product of Strength and Elongation), which is used to
characterize the combination of “strength/ductility”. The PSE value rose from 18.1 GPa·%
at TA = 770 ◦C to 23.9 GPa·% at TA = 900 ◦C, which subsequently decreased to 15.8 GPa·%
at TA = 950 ◦C. All these values remarkably exceeded the level of the (Q + T)-treatment
(12.4 GPa·%).

3.2. Structure and Phase Characterization

Figure 5 illustrates the microstructures of the heat-treated specimens. Figure 5a depicts
the structure produced by the austempering at TA = 770 ◦C, which consists of polyhedral
grains of proeutectoid ferrite (PF) and bainite areas. While bainite has a mostly lamellar
pattern (LB), minor areas of granular-shaped bainite (GB) were observed along the grain
boundaries (Figure 5b). Ferrite grains were pinned by the nano-sized precipitates (shown
by the arrows in Figure 5c), which were EDX-identified as a complex Nb-based carbide
(Nb,V, Mo)C with an average concentration of 15.50 ± 2.30 wt.% Nb, 1.15 ± 0.31 wt.% V
and 0.35 ± 0.08 wt. % Mo. The concentrations of carbide-forming elements (Nb, V, and
Mo) in the precipitates are assessed as being lowered because the results were affected
by the EDX response of the ferritic matrix surrounding the carbide particles (the latter
was confirmed by the presence of the spectra of Si, Mn, Cr, and Fe dissolved in ferrite
(Figure 5d)).
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spectrum of a carbide precipitate, (e,f) 830 ◦C, (g,h) 900 ◦C, and (i,j) 950 ◦C ((a,e,g,i)—OM images;
(b–d,f,h,j)—SEM images; F—proeutectoid ferrite, LB—lamellar bainite, and GB—granular bainite).
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A reduction in the volume fraction of proeutectoid ferrite was observed with a cor-
responding increase in the bainite amount (Figure 5e,f) as the austenitizing temperature
was increased to 830 ◦C. The volume fraction of proeutectoid ferrite reduced drastically
at TA = 900 ◦C, and the structure primarily consisted of bainite (Figure 5g) while bainitic
laths became shorter (fragmented) and less oriented (Figure 5h). The austenitization in the
austenite domain (TA = 950 ◦C) resulted in the elimination of a proeutectoid ferrite, and
the entire structure consisted of bunches of short parallel (partially fragmented) bainitic
plates, as shown in Figure 5i,k.

Figure 6a shows the XRD patterns of the austempered specimens. Each austenitization
temperature was characterized by a similar XRD pattern containing the high peaks of α-Fe
(bcc) and low peaks of γ-Fe (fcc). The austenitization at 770 ◦C (Figure 6b) is indicated
by the lowest values of the volume fraction of retained austenite (2.48 vol.%) and carbon
content in RA (0.82 wt.%). With a austenitization temperature increase to 900 ◦C, the RA
volume fraction gradually increased to 8.65 vol.%. As TA increased to 950 ◦C, the RA
volume fraction decreased to 5.45 vol.%, which was still twice as high as at TA = 770 ◦C. At
TA = 830–950 ◦C, the carbon content in RA reached 1.18–1.24 wt.%, which is 1.4–1.5 times
higher than that at 770 ◦C.
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Figure 6. (a) XRD patterns of heat-treated specimens and (b) effect of austenitizing temperature on
the volume fraction of RA and carbon content in RA.

Figures 7 and 8 present the fine structures of heat-treated specimens. Figure 7a illus-
trates that the bainite in the specimen that was austenitized at 770 ◦C bainite consisted
of elongated α-laths having a width of about 0.68 ± 0.17 µm with occasional austenite
interlayers. Dislocation clots and nano-scaled carbide particles were observed inside the
laths (Figure 7b). Furthermore, the coarse plate-shaped (of 37.1 ± 8.0 nm width) and
grain-shaped (of 112.8 ± 8.4 nm diameter) precipitates were observed between the ferritic
laths (Figure 7c). The dark field observation in a cementite reflex (insert to Figure 7b) and
the selected area electron diffraction (SAED) pattern confirmed that the precipitates were
carbides with an orthorhombic lattice, which is characteristic of the Fe3C carbide. The pres-
ence of cementite within the bainite structure became apparent only after austenitization
at 770 ◦C. The cementite carbides were not present in the fine structure of the specimen
austenitized at 830 ◦C. Instead, a higher amount of RA was detected (Figure 7d) as interlath
films (of 80.1 ± 28.8 nm width), which was confirmed by the SAED analysis (Figure 7f).
Ferritic laths exhibited a high density of dislocations arranged in the dislocation walls to
form the sub-grains, as shown in Figure 7g.
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Figure 7. TEM images of the specimens austenitized at 770 ◦C (a–d) and 830 ◦C (e–h). (a) The sub-
structure of bainitic ferrite, (b) nano-scaled carbides and dislocation clots, (c) the cementite precipitates
between the ferrite laths, and the dark-field image in a cementite reflection (insert), (d) SAED pattern of
(c) showing the reflection on the [021] zone axis of cementite, (e) bright-field image of ferrite laths and
RA films, (f) dark-field image of (d) in austenite reflection, (g) SAED pattern of (f) showing the reflection
on the [320] zone axis of ferrite and the [367 ] zone axis of austenite, (h) dislocation walls inside the
ferrite laths. (C is cementite, BCC is ferrite, and FCC is austenite).
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Figure 8. TEM images of the specimens austenitized at 900 ◦C (a–d) and 950 ◦C (e–g). (a) Dislocations
in ferrite lath, (b) bright-field image of ferrite and RA, (c) dark-field image of (b) in austenite reflection,
(d) SAED pattern of (c) showing the reflection on the [320] zone axis of ferrite and [114] zone axis of
austenite, (e) bright-field of ferrite and RA, (f) dark-field image of (e) in austenite reflection, (g) SAED
pattern of (f) showing the reflection on the [221] zone axis of austenite (FCC).
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Figure 8a–d depict the fine structure of the specimen austenized at 900 ◦C. As shown
in Figure 8a, bainitic laths were more blurred due to higher dislocation density at 900 ◦C.
Retained austenite was found to be interlath films with a width of 108.5 ± 34.9 nm, which
was higher than that at TA = 830 ◦C (Figure 8b–d). The specimen austenitized at 950 ◦C had
the same structural features, while the RA films and occasional bulky areas had a bigger
size (158.2 ± 25.9 nm) (Figure 8e–g). No cementite carbides were observed at TA = 900 ◦C
or TA = 950 ◦C.

3.3. Fracture Surface Evaluation

Figure 9 depicts the fractured surfaces of the V-notched specimens after impact tough-
ness testing. As shown in Figure 9a, the ruptured surface of the specimens austenized
at TA = 770 ◦C exhibits a combination of brittle and ductile areas in approximately equal
proportions. The brittle areas were the quasi-cleavage facets with a river pattern, indicating
the moderate absorption of impact energy. The areas of ductile rupture consisted of small,
stretched dimples in the range of 0.3–3.5 µm in the cross-section. A fractured surface of the
specimen (TA = 830 ◦C) was preferentially quasi-cleavage with a lower fraction of ductile
areas (Figure 9b). As shown in Figure 9c,d, the fracture pattern for TA = 900–950 ◦C altered
to flat quasi-cleavage facets surrounded by ductile tearing-off areas. In these cases, the area
fraction of the dimples was notably higher than that at T = 830 ◦C, with a more uniform
distribution of the dimples over the fracture area. Furthermore, the size of microvoids
varied within larger limits, reaching ~10 µm. The presence of different sizes of dimples
indicated that the micro-voids merged at higher strains, which is beneficial for the impact
toughness [44].
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4. Discussion

The findings of this study demonstrate that the variation in mechanical properties
depending on the austenitization temperature does not match the usual trend in which
the strength of the steel is inversely proportional to its ductility. As shown in Figure 4, the
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strength continuously increases as TA increases, while the ductility changes nonmonoton-
ically, with the maximum corresponding to TA = 830 ◦C. The reason for this behavior is
the low ductility at TA = 770 ◦C caused by the cementite precipitation during the bainitic
transformation. On the one hand, the presence of large carbides along the boundaries
between the ferrite laths caused embrittlement of the steel. Furthermore, due to the carbide
formation, the gamma-phase was not enriched enough in carbon to ensure the higher
amount of retained austenite (RA volume fraction was only about 3 vol.%). Accordingly,
during tensile testing, there was no TRIP effect, which could contribute to the ductility and
compensate for the brittleness caused by carbide precipitation. At higher austenitization
temperatures (830–900 ◦C), the formation of bainite occurred without the precipitation of
carbides, resulting in a sharp increase in the amount of retained austenite. Consequently,
despite the lower amount of the soft phase (ferrite) in the structure, the ductility of the steel
increased. Thus, an increase in the austenitization temperature modified the mechanism of
bainite transformation in steel.

The reason for cementite precipitation was an excessive austenite C-enrichment caused
by carbon interphase partitioning during intercritical annealing. The amount of ferrite in
the structure reached a maximum (50 vol.%) at 770 ◦C. Therefore, after the redistribution of
carbon its content in austenite was also maximal, which is twice as high as the total content
of steel. Additional carbon enrichment of austenite occurs during bainite transformation,
which was accompanied by the rejection of carbon into the γ-phase by the growing ferrite
plates [45]. To reduce its free chemical energy, carbon-oversaturated austenite discharges
into cementite precipitation. Silicon and/or aluminum are usually added to TRIP-assisted
steels to prevent this scenario. It is well known that Si and Al suppress the formation of
cementite during the tempering of martensite [46]. This effect is typically attributed to the
low solubility of Si(Al) in cementite, which implies their diffusion away from the growing
carbide particle [47,48]. Another possible reason is that Si increases the coefficient of carbon
activity in austenite [49]. When the Si atoms are rejected by the cementite precipitate, a Si-
rich zone appears in the matrix near the “matrix/carbide” interphase, where carbon activity
is significantly elevated. This may lead to a local increase in free chemical energy, disabling
cementite precipitation [50]. Eventually, the amount of retained austenite increases as
carbon remains in theγ-phase. The addition of Si(Al) is a basic approach for TRIP-assisted
steels, which ensures a desired carbide-free microstructure. In this regard, the question of
why it fails in the case of experimental steel arises. The most likely reason for this behavior
is alloying of steel with Cr, Mo, and V in an attempt to further improve the mechanical and
technological properties of TRIP-assisted steel. As noted above, Cr and Mo were added to
increase the hardenability of steel, customizing it for the production of the rolled sheets
with heavier sections. Based on the analysis of TTT diagrams (Figure 2), adding Cr and Mo
to 0.2%C-Mn-Si TRIP-assisted steel increases the incubation period of austenite→pearlite
and austenite→bainite transformations with a corresponding decrease in the critical cooling
rate from 600 K/s to 16 K/s (in the pearlite domain) and from 1000 K/s to 227 K/s (in the
bainite domain). The critical cooling rate was found to be:

Vcrit =
950− tmin

τmin
, (1)

where tmin and τmin are the temperature (◦C) and the incubation time (s) corresponding to
the “nose” in the TTT diagram.

If the critical cooling rate for the pearlite domain is considered, a rough assessment
using the hardenability diagram presented in Reference [51] reveals that the thickness of the
sheet, which can be water-cooled to the austempering temperature without causing pearlite
formation, increases after adding 0.55 wt.% Cr and 0.20 wt.% Mo eight times (from 6 mm to
48 mm), which is beneficial for industrial applications. This validates the appropriateness
of the minor addition of these elements into TRIP-assisted steel. However, Cr, Mo, and
V are the elements that promote carbide formation [52]. They reduce carbon activity in
austenite (aγ

C) [53,54], thus leveling the inhibiting effect of silicon.
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C-rich austenite possesses high free chemical energy that can be reduced by the release
of carbon atoms via carbide precipitation. In this case, the decrease in free energy of
austenite can be expressed as a difference in the carbon activities ∆aγ

C = aγ
C − (aγ

C)
′, where

(aγ
C)
′ is the carbon activity in austenite after the release of the ∆%C amount of carbon. At

the same time, the accumulation of silicon at the boundary of the growing carbide increases
the carbon activity in austenite (∆aγSi

C ). The cementite inhibition is achieved if a reduction
in free energy during the carbide formation is less than an increase in the free energy caused
by the silicon effect:

∆a =
∣∣∆aγ

C

∣∣− ∣∣∣∆aγSi
C

∣∣∣ ≤ 0, (2)

where ∆a is the total change in the free energy of austenite.
Assuming that all carbon is in the solution and taking the “austenite/ferrite” ratio, the

carbon content in austenite after carbon redistribution in the intercritical range is roughly
estimated as 0.39 wt.% for 770 ◦C, 0.26 wt.% for 830 ◦C, and 0.21 wt.% for 900 ◦C. It is
assumed that all this carbon is released from the solution via cementite precipitation during
bainite transformation (caused by low C solubility in ferrite). The corresponding change in
the activity of carbon in austenite is calculated as [55]:

aγ
C = γC · xγ

C · f i
C · f i+1

C · . . . · f n
C , (3)

where γc is the carbon activity coefficient in unalloyed austenite,xγ
C is the carbon mole

fraction in austenite, and f i
C is the coefficient of carbon activity due to the influence of the

i-th alloying element.
The parameters of Equation (3) can be found as [55]:

aγ
C = γC · xγ

C · f i
C · f i+1

C · . . . · f n
C , (4)

γc = xc/(1− 5xc), (5)

ln f Si
c = 10.35 · xSi, (6)

ln f Mm
c =

[
−6500

T
+ 1.45

]
· xMm, (7)

ln f Cr
c =

[
−21900

T
+ 6.3

]
· xCr, (8)

ln f Mo
c =

[
−37600

T
+ 16.9

]
· xMo. (9)

where xSi, xMn, xCr, and xMo are the mole fractions of the elements in austenite, and T is the
temperature (K).

As shown in Reference [33], due to the partitioning of elements at 770 ◦C, the contents
of Mn, Cr and Si in austenite in the experimental steel were 2.3 wt.%, 0.80 wt.%, and
1.60 wt.%, respectively. The molybdenum content in austenite is roughly taken as 0.1 wt.%
(half of its total content in steel) since Mo partitions between the matrix and carbide (Nb,
V, Mo)C. The aforementioned values of the element concentration were utilized for the
calculations. The effect of vanadium was not considered since V was mostly bound in (Nb,
V, Mo)C carbide.

Figure 10 depicts the results of the calculations. The curves in the figure represent
the total change in the free energy of austenite (∆a) depending on the Si content. The
case of ∆C = 0.4 wt.% C is represented by curves 1 and 2. It is observed that in steel
without chromium (curve 1), condition (2) is satisfied when the Si content in the matrix
next to the growing carbide is at least 3.2 wt.%. This value exceeds the initial Si content in
austenite (1.6 wt.%), necessitating the double silicon accumulation in the matrix before the
growing carbide. The experimental evidence of such silicon accumulation was previously
reported in References [56,57]. Tu et al. [56] revealed a 1.75-fold Si-enrichment in the
matrix next to the interface with cementite carbide in Mn-Si steel. Similar results were
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presented in work [57] on white cast iron, which revealed a 2.3-time Si-enrichment in
the ferrite regions adjacent to cementite particles. Thus, condition (2) can be achieved
in C-Si-Mn TRIP-assisted steel having 1.6 wt.% Si, suggesting that the thermodynamic
situation favors cementite inhibition. The addition of Cr and Mo decreases the carbon
activity, reducing the inhibiting effect of silicon (illustrated by curve 2, which is higher than
curve 1). Consequently, curve 2 reaches the “null” value at about 4.2 wt.% Si, indicating that
the total silicon content in steel should exceed 2 wt.% to meet condition (2). Consequently,
the thermodynamic equilibrium in steel containing Cr and Mo shifts in favor of carbide
precipitation, as observed at TA = 770 ◦C.
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Figure 10. Effect of the Si content on the total change in free energy of austenite caused by
cementite precipitation.

Curves 3 and 4 refer to the cases of (Cr,Mo)-added steel with ∆C of 0.25 wt.% and
0.1 wt.%, respectively. They reach the “null” value (condition (2)) at the Si content≤3.2 wt.%.
This indicates that the cementite precipitation in the experimental steel can be suppressed
at a lower amount of released carbon. Therefore, to change the resultant structure from
“ferrite/cementite” to “carbide-free bainite/RA”, the carbon content in austenite before the
austempering should be lower at least by 1.5 times (i.e., 0.25 wt.%). This requires decreasing
the quantity of proeutectoid ferrite from 50 vol.% (at 770 ◦C) to 25 vol.% (at 830 ◦C), which
correspondingly lowers the carbon enrichment of austenite. Despite the diminishing of
proeutectoid ferrite, austenitization at 830 ◦C led to maximum ductility (25%) due to the
absence of coarse cementite and an increased amount of retained austenite (as thin films).
A significant drop in TEL occurred only at TA = 950 ◦C (single γ phase domain), which
was associated with the full elimination of proeutectoid ferrite and a decrease in the RA
volume fraction.

In contrast to TEL, impact toughness was controlled by the amount of soft phases
(ferrite, RA) rather than cementite precipitation. At TA = 770 ◦C, the impact toughness
was high enough (105 J/cm2), despite the presence of coarse cementite precipitates. The
detrimental effect of the precipitates was compensated by a high volume fraction of ductile
proeutectoid ferrite. Despite the absence of cementite and enhanced RA amount, a 1.5-times
drop in the ferrite amount at TA = 830 ◦C resulted in a 20% reduction in impact toughness.
The impact toughness increased to 95 J/cm2 at TA = 900 ◦C due to the maximum volume
fraction of retained austenite. Unexpectedly, the highest impact toughness value (113 J/cm2)
was attributed to TA = 950 ◦C when the amount of ductile structural components (ferrite,
RA) decreased to minimal level. This result was due to the absence of localized stress that
appears at the “bainite lath/ferrite” boundary as a consequence of the differences in specific
volumes of bainitic ferrite and proeutectoid ferrite [58]. Furthermore, the austenitization
at 950 ◦C leveled the concentration of elements in austenite, thus increasing strain and
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fracture homogeneity, which was evidenced by a more uniform allocation of ductile areas
on the fractured surface (Figure 8c).

Analysis of the strain hardening rate (SHR) provides an important insight into the
steel tensile behavior. SHR is calculated as SHR = dσ/dε, where σ is the true stress and
ε is the true strain (TS) [59]. Figure 11 displays the TS and SHR curves for different
austenitizing temperatures. For all the austenitizing temperatures a sharp rising of SHR
at the initial strain stage (ε = 0.005−0.01) was followed by a decrease in the SHR value at
up to ε∼0.025, which is attributed to the cumulative interactions of gliding dislocations
followed by the blocking of the close-packed plains of their gliding [59,60]. The next
strain stage was characterized by an increase in the SHR, indicating a strain hardening
phenomenon [61]. It is observed that the SHR curves for TA = 770 ◦C and TA = 830 ◦C
exhibited similar behavior, with a minor hardening effect lasting up to the strain of about
0.05. The specimens austenitized at 900 ◦C and 950 ◦C showed a significantly higher strain
hardening that lasted to the higher strain. The most extended strain hardening was noted
for TA = 950 ◦C, where the maximum SHR corresponded to a strain of nearly 0.13.

Metals 2022, 12, x FOR PEER REVIEW 16 of 21 
 

 

components (ferrite, RA) decreased to minimal level. This result was due to the absence 

of localized stress that appears at the “bainite lath/ferrite” boundary as a consequence of 

the differences in specific volumes of bainitic ferrite and proeutectoid ferrite [58]. Fur-

thermore, the austenitization at 950 °C leveled the concentration of elements in austen-

ite, thus increasing strain and fracture homogeneity, which was evidenced by a more 

uniform allocation of ductile areas on the fractured surface (Figure 8c). 

Analysis of the strain hardening rate (SHR) provides an important insight into the 

steel tensile behavior. SHR is calculated as SHR=d/d, where  is the true stress and  is 

the true strain (TS) [59]. Figure 11 displays the TS and SHR curves for different austen-

itizing temperatures. For all the austenitizing temperatures a sharp rising of SHR at the 

initial strain stage (=0.005−0.01) was followed by a decrease in the SHR value at up to 

0.025, which is attributed to the cumulative interactions of gliding dislocations fol-

lowed by the blocking of the close-packed plains of their gliding [59,60]. The next strain 

stage was characterized by an increase in the SHR, indicating a strain hardening phe-

nomenon [61]. It is observed that the SHR curves for TA=770 °C and TA=830 °C exhibited 

similar behavior, with a minor hardening effect lasting up to the strain of about 0.05. The 

specimens austenitized at 900 °C and 950 °C showed a significantly higher strain hard-

ening that lasted to the higher strain. The most extended strain hardening was noted for 

TA=950 °C, where the maximum SHR corresponded to a strain of nearly 0.13. 

 

Figure 11. The curves of true strain (TS) and SHR for the specimens depending on the austenitiz-

ing temperature. 

The difference in SHR behavior can be explained based on the ferrite volume frac-

tion and the degree of the TRIP effect progress. The proeutectoid ferrite was the phase 

where the deformation of the specimens austenitized at 770–830 °C started and devel-

oped. Ferrite exhibited a modest ability to strain hardening, which only corresponded to 

low strain. Due to the low amount of RA (at TA=770 °C), or presumably due to its high 

stability to SIMT (at TA=830 °C), RA did not contribute much to the strain hardening. At 

TA=900–950 °C the amount of ferrite was negligible, and therefore deformation started in 

RA and later involved bainitic ferrite. The higher strain hardening at TA=900–950 °C was 

related to a more apparent manifestation of the TRIP effect [59], which can be explained 

by an increase in the RA volume fraction (maximal at TA=900 °C) or by an increase in 

austenite’s susceptibility to strain-induced martensite transformation (SIMT), which is 

presumably maximal at TA=950 °C. One can presume that TA promotes the increase in 

the RA metastability due to a decrease in manganese content in austenite during inter-

critical annealing. The austenite’s metastability to SIMT is strongly dependent on its 

chemical composition, as described by Angel’s equation [62]: 
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The difference in SHR behavior can be explained based on the ferrite volume fraction
and the degree of the TRIP effect progress. The proeutectoid ferrite was the phase where
the deformation of the specimens austenitized at 770–830 ◦C started and developed. Ferrite
exhibited a modest ability to strain hardening, which only corresponded to low strain. Due
to the low amount of RA (at TA = 770 ◦C), or presumably due to its high stability to SIMT (at
TA = 830 ◦C), RA did not contribute much to the strain hardening. At TA = 900–950 ◦C the
amount of ferrite was negligible, and therefore deformation started in RA and later involved
bainitic ferrite. The higher strain hardening at TA = 900–950 ◦C was related to a more
apparent manifestation of the TRIP effect [59], which can be explained by an increase in the
RA volume fraction (maximal at TA = 900 ◦C) or by an increase in austenite’s susceptibility
to strain-induced martensite transformation (SIMT), which is presumably maximal at
TA = 950 ◦C. One can presume that TA promotes the increase in the RA metastability due to
a decrease in manganese content in austenite during intercritical annealing. The austenite’s
metastability to SIMT is strongly dependent on its chemical composition, as described by
Angel’s equation [62]:

Md30 = 413 − 462(C + N) − 9.2(Si) − 8.1(Mn) − 13.7(Cr) − 9.5(Ni) − 18.5(Mo) (10)

where Md30 is the temperature that refers to the 50 vol.% of martensite formed at 30% true
strain; C, N, Si, Mn, Cr, Ni, and Mo are the contents of the chemical elements (wt.%).
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As seen in Equation (10), manganese lowers the Md30 temperature, thus inhibiting
SIMT. During intercritical annealing, Mn was partitioned to austenite and, eventually,
its content in the γ-phase was increased by 1.3-times at 770 ◦C relative to its nominal
concentration in steel [33]. An increased Mn content was inherited by retained austenite,
resulting in its higher stability to SIMT. However, with a TA increase, the amount of Mn in
austenite gradually decreased, facilitating the austenite’s propensity to SIMT. Accordingly,
strain-hardening rate increased as well. The most intensive strain-hardening was observed
at TA = 950 ◦C which is attributed to the highest metastability of RA to a the strain-induced
martensitic transformation. However, it might adversely affect ductility, as indicated by
the minimum TEL value noted for TA = 950 ◦C.

Area reduction characterizes the metal’s ductility under tensile strain related to the
necking formation at the stage of non-uniform deformation. The AR value is dependent
on the steel ductility/brittleness or on the kinetics of the TRIP effect (the strain-induced
martensite strengthening delays the necking formation [1,12]). These factors can be used to
explain the gradual AR increase with the austenitization temperature increasing (Figure 4).
The specimens austenized at 770 ◦C had the lowest AR value (33%) due to the high brittle-
ness caused by coarse cementite precipitates in the bainite areas (Figure 7c). Preventing
cementite formation and the appearance of retained austenite led to an AR increase to 44%
at TA = 830 ◦C. The maximal amount of ductile retained austenite gained at TA = 900 ◦C
resulted in even higher AR (51%). The highest AR value (62%) at TA = 950 ◦C was pre-
sumably caused by the same structural factor that ensured the highest impact toughness at
this austenitization temperature (formulated above). It should be noted that TRIP effect
development in the specimens austenitized at TA = 900–950 ◦C did not result in inhibiting
the neck formation because of the relatively low RA volume fraction in their structure.

The study showed that the austenitization at 900 ◦C provided the best combination of
the mechanical properties of the examined steel: UTS of 1040 MPa, TEL of 23%, KCV of
95 J/cm2, and PSE of 23.9 GPa·%. This was ensured by the optimal structure consisting
of carbide-free bainite (∼86 vol.%), RA (∼9 vol.%), and proeutectoid ferrite (∼5 vol.%).
This structure demonstrated a moderate propensity to SIMT, which is beneficial for pre-
venting early embrittlement and fracture [63]. The findings demonstrated that the optimal
“ferrite/austenite” ratio for the examined Cr(Mo)-alloyed steel before the austempering
holding is significantly lower than that previously reported for the C-Si-Mn TRIP-assisted
steels, where a volume fraction of ferrite of about 50 vol.% was recommended [64,65]. A
low amount of proeutectoid ferrite prevents the excessive carbon-enrichment of austenite
that may provoke cementite precipitation during austenite→bainite transformation. In
our case, the optimum austenitizing temperature is close to the Ac3 point. Similar re-
sults were reported by Sugimoto and Srivastava [15], who proposed the heat treatment of
C-Si-Mn-1 wt.% Cr TRIP-added steel with austenitization at a temperature above the Ac3
point. Given the possibility of alloying elements influencing the mechanism of bainite trans-
formation an alternative approach for the austempering process for the Cr(Mo)-alloyed
TRIP-assisted steel should be applied.

5. Conclusions

In the present work, the effect of the temperature of intercritical annealing on the
structure and mechanical properties of the (Cr,Mo, and V)-alloyed TRIP-assisted steel,
which is subjected to austempering at 350 ◦C, was investigated. The main conclusions are
as follows:

1. With an increase in the austenitization temperature, the volume fraction of proeu-
tectoid ferrite decreased from 50 vol.% (at TA = 770 ◦C) to 0 vol.% (at TA = 950 ◦C),
followed by a monotonous increase in UTS from 821 MPa to 1207 MPa. Total elonga-
tion changed along a curve with a maximum (25%) associated with austenitization at
830 ◦C. Furthermore, this temperature corresponded to the lowest impact toughness.

2. When steel was austenitized at 770 ◦C, the bainitic transformation proceeded through
the precipitation of coarse cementite carbides, leading to lowered ductility and a
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minimum amount of RA (2.5 vol.%). At higher austenitization temperatures, carbide-
free bainite was formed with a 2.5–3.5 times increase in the RA volume fraction (to
5.5–8.5 vol.%) and 1.5 times increase in the concentration of carbon in RA.

3. The optimal temperature of intercritical annealing was determined to be 900 ◦C,
which, after austempering, resulted in a structure consisting of carbide-free bainite
(∼86 vol.%), retained austenite (RA) (∼9 vol.%), and proeutectoid ferrite (∼5 vol.%).
Here, RA exhibited a moderate tendency to strain-induced martensite transforma-
tion. Furthermore, this structure ensured an advanced combination of mechanical
properties (UTS of 1040 MPa, TEL of 23%, KCV of 95 J/cm2, and PSE of 23.9 GPa·%).

4. The addition of Cr and Mo into C-Si-Mn TRIP-assisted steel promotes cementite for-
mation during austempering holding by decreasing the coefficient of carbon activity
in austenite. This adversely affects the mechanical properties of the steel. Therefore, it
is crucial to employ an alternative approach to select the intercritical annealing tem-
perature. This strategy involves decreasing the volume fraction of proeutectoid ferrite
to prevent excessive carbon enrichment of austenite before the austempering holding.
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