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Development and characterization of a new generation of transition elements based secondary Al-Si-Cu-Mg foundry alloys

ABSTRACT

Secondary Al-Si-Cu-Mg based foundry alloys are widely used in automotive industry to particularly
produce powertrain cast components mainly due to their good ratio between weight and mechanical
properties, and excellent casting characteristics.

Presence of impurity elements, such as Fe, Mn, Cr, Ti, V and Zr, in secondary Al-Si alloys is one of
the critical issues since these elements tend to reduce alloy mechanical properties. There is an
ongoing effort to control the formation of intermetallic phases containing transition metals, during
alloy solidification. Although phases formation involving these transition metal impurities in non-
grain-refined Al-Si alloys is well documented in the literature, the role of grain refinement in
microstructural evolution of secondary Al-Si-Cu-Mg alloys needs further experimental
investigations since chemical grain refinement is one of the critical melt treatment operations in
foundries. The primary aim of this PhD work is thus defined to characterize the formation of
intermetallic phases containing transition metals in secondary Al-7Si-3Cu-0.3Mg alloy before and
after grain refinement by different master alloys and contribute to the understanding of the
mechanisms underlying the microstructural changes occurring with the addition of grain refiner.
Another critical issue related to Al-Si-Cu-Mg alloys is their limited thermal stability at temperatures
above 200 °C. The operating temperature in engine combustion chamber is reported to often exceed
200 °C during service. Moreover, a further increase of operating temperature is anticipated due to
the expected engine power enhancement in near future, which indicates the necessity for the
development of a new creep-resistant Al alloys. Deliberate addition of transition metals is believed
to yield a new heat-resistant alloy by promoting the formation of thermally stable dispersoids inside
a-Al grains. This study thus also attempted to investigate the effect of adding transition metals Zr, V
and Ni on the solidification processing, microstructural evolution and room/high-temperature tensile
properties of secondary Al-7Si-3Cu-0.3Mg alloy, one of the most used alloys in automotive engine
manufacturing.

The influence of transition metal impurities on microstructural evolution of secondary Al-7Si-3Cu-
0.3Mg alloy was investigated before and after chemical treatment with different master alloys: Al-
10Sr, Al-5Ti-1B, Al-10Ti and Al-5B. The Al-10Zr, Al-10V and Al-25Ni master alloys were used
for the experimental investigations of the effects of deliberate additions of transition metals on the
solidification path, microstructure and mechanical properties of secondary Al-7Si-3Cu-0.3Mg alloy.
Solidification path of the alloys was characterized by the traditional thermal analysis technique and
differential scanning calorimetry (DSC). Optical microscope (OM), scanning electron microscope
(SEM) equipped with energy-dispersive (EDS), wavelength-dispersive spectrometers (WDS) and
electron backscattered diffraction (EBSD) and transmission electron microscopy (TEM) equipped
with EDS were used to characterize the type, morphology and distribution of the phases precipitated
during solidification and heat treatment of the studied alloys. The static tensile properties of the
alloys were characterized at room (20 °C) and high temperatures (200 and 300 °C).
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Experimental findings indicate that the Sr-modification and grain refinement of secondary Al-7Si-
3Cu-0.3Mg alloy with Al-Ti-B can be enough effective despite the presence of transition metal
impurities in the material and the variation of pouring temperature. However, the V and Zr (~100
ppm each) available in secondary Al-7Si-3Cu-0.3Mg alloy tended to promote the precipitation of
harmful, primary AlSiTi intermetallics during solidification of grain-refined alloy. This implies that
more effective optimization of grain refiner addition level in secondary Al foundry alloys can be
achieved by considering the role of transition metal impurities, Ti, V and Zr, since the formation of
primary AlSiTi particles causes (1) the depletion of Ti needed for effective a-Al grains growth
restriction and (2) the formation of casting defects, such as shrinkage, due to their flaky
morphology.

Iron available in secondary Al-7Si-3Cu-0.3Mg alloy as impurity only formed more desirable a-
Alis(FeMn)3Siz phase in non-grain refined state. After grain refinement by Al-5Ti-1B, Fe was also
involved in the formation of more deleterious B-AlsFeSi phase. The TiB> particles acted as
nucleation site for B-AlsFeSi phase. Both higher cooling rate and higher Al-5Ti-1B addition levels
tended to promote the formation of deleterious B-AlsFeSi at the expense of a-Alis(FeMn);Siz in the
alloy refined by Al-5Ti-1B. This implies that rather than the ratio between Mn and Fe, the
nucleation kinetics of Fe-rich intermetallics play a decisive role in the selection of competing o-
Ali5(FeMn)3Siz and B-AlsFeSi intermetallic phases for the precipitation during alloy solidification.
Moreover, grain refinement of secondary Al-7Si-3Cu-0.3Mg alloy by Al-5B showed comparable
performance to that of Al-5Ti-1B master alloy, however, without any deleterious influence on the
precipitation sequence of Fe-rich phases, i.e. deleterious B-AlsFeSi reaction remained unfavourable
during alloy solidification.

Experimental findings from the investigations of the effect of deliberate Zr and V addition revealed
that Zr and V addition can induce the grain refinement of secondary Al-7Si-3Cu-0.3Mg alloy. While
Zr addition yielded the formation of pro-peritectic Zr-rich particles, which are found to nucleate
primary a-Al at low undercooling, the effect of adding V can be characterized by the enhancement
of the degree of constitutional undercooling. Combined Zr and V addition showed more effective
grain refinement level than their individual additions.

Majority of both Zr and V added to the alloy were retained inside a-Al matrix during solidification.
As a result, limited amounts of Zr and V were rejected to the interdendritic liquid by the growing a-
Al dendrites, then forming small-sized and rarely distributed intermetallics. Owing to its low solid
solubility in a-Al, nickel available as impurity (~ 200 ppm) or after deliberate addition (0.25 wt.%)
in secondary Al-7Si-3Cu-0.3Mg alloy was mainly bound to interdendritic, insoluble intermetallics,
such as AlsCusNi and Algo(FeCu)Ni phases. The presence of ~ 200 ppm Ni was sufficient to diminish
to a certain extent the precipitation hardening effect of Cu. Interdendritic Zr/V/Ni-rich phases
remained undissolved into the o-Al matrix during solution heat treatment. Therefore, the
supersaturated transition metals in a-Al solid solution obtained during solidification was only
involved in the solid-state precipitation occurring during heat treatment. Unlike Cu/Mg-rich
strengthening precipitates that commonly form during aging, the Zr/V-rich precipitates tended to
form during solution heat treatment. Other transition metals, such as Mn, Fe, Cr and Ti, which were
present as impurities in secondary Al-7Si-3Cu-0.3Mg alloy significantly promoted the formation of
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nano-sized Zr/V-rich precipitates inside o-Al grains. These thermally more stable precipitates,
including novel o-Al(MnVFe)Si, were credited for the enhanced high-temperature strength
properties of Al-7Si-3Cu-0.3Mg alloy by ~ 20 %.

Keywords: secondary Al-Si alloys, transition metals, solidification path, microstructure,

intermetallics, heterogeneous nucleation, high-temperature strength.
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1. INTRODUCTION

CHAPTER INTRODUCTION

This chapter summarizes the literature most pertinent to the subject of this thesis. It has been
composed of four main sections: the first section describes background of Al-Si-Cu-Mg alloys,
while the second section is about the solidification processing and microstructural evolution of Al-
Si-Cu-Mg alloys; the third section outlines the role of heat treatment in Al-Si-Cu-Mg alloys and
the fourth section discusses the high-temperature strengthening in Al-Si-Cu-Mg alloys via
transition metals addition. Some materials presented in the fourth section has been published in
the form of a review paper [1].

1.1. Al-Si BASED FOUNDRY ALLOYS: BACKGROUND

Al-Si based alloys are highly preferred in automotive industry due to their high strength to weight
ratio as well as excellent castability, recyclability and thermal conductivity. Improved castability
e.g. better fluidity, is critical for obtaining complex and sound castings having intricate shapes and
thin walls. The secondary Al production process is highly attractive as it requires significantly less
energy and emits less CO> to the atmosphere compared to the primary production route of Al alloys
[2]. Over 90% of the Al alloys used in transportation industry comes from secondary sources, i.e.
recycled material [3].

The AIl-Si based alloys can be considered as the most important foundry alloys to produce
automotive engine components, such as cylinder head and -block. In hypoeutectic Al-Si alloys,
the Si content normally ranges between 5 and 12 wt. % (see Figure 1). Silicon significantly
improves castability [4] and wear resistance [5], and also contributes to reducing the density and
the coefficient of thermal expansion of aluminium alloys [4]. Moreover, Si contributes to the
precipitation hardening of Al-Si-Cu-Mg alloys by interacting with Mg. Cu and Mg are commonly
added to improve alloy strength properties mainly by precipitation hardening mechanism [3].
Several types of trace (impurity) elements in small amounts are normally present in secondary Al
alloys; these elements can exert negative effects on mechanical properties and final quality of cast
components [2]. Iron is considered as the most harmful and common trace element and causes the
formation of interdendritic, needle-like compounds, which degrade alloy mechanical properties,
particularly ductility.

Alloy composition and processing conditions can control the evolution of microstructure, which,
in turn, defines alloy (mechanical) properties. The typical microstructural constituents of
hypoeutectic Al-Si based foundry alloys are a-Al dendrites, eutectic Si particles and intermetallic
phases, such as AlbCu, Mg Si and Fe-rich compounds. The refinement of microstructural
constituents is beneficial; this is normally achieved through the application of high cooling rate
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and/or chemical modification. The Al-Si-Cu-Mg alloys can be significantly strengthened via post-
solidification heat treatment.
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Figure 1. The equilibrium phases diagram of the Al-Si alloy system [6].

Although commercially available and currently used AI-Si-Cu-Mg alloys exhibit excellent
strength properties, their mechanical performance at temperatures above 200 °C is poor because
solute diffusion of Cu and Mg becomes faster at these temperatures, thus enabling the coarsening
and/or dissolution of strengthening precipitates. However, a further expected enhancement of
engine power in near future is thought to increase the operation temperature beyond 200 °C [7],
which indicates the necessity for the development of a new creep-resistant Al-Si based foundry
alloys.

1.2. SOLIDIFICATION OF Al-Si-Cu-Mg ALLOYS

Casting is an important and integral part of the manufacturing process of any metals and alloys. In
addition, alloying of two or more elements is normally conducted in the liquid state as achieving
uniform composition needs rapid diffusion. This means that gaining an understanding of the
solidification behaviour of metals and alloys is essential to be able to control material properties.

Two subjects that underlie the solidification of metals and alloys are chemical thermodynamics
and chemical kinetics. Chemical thermodynamics predicts the most stable phases at given
temperature, pressure, compositions relating to only the initial and final states of a system.
Chemical equilibrium is controlled by the Gibbs free energy (G) of the system which is minimized
for equilibrium conditions. In contrast, chemical kinetics controls the dynamic system
transformation between initial and final states and indicates the path and phase changes of a
chemical reaction in a system when the limited atomic movement becomes dominant in a short
process time. Hence, the solidification rate under a real time condition will be greatly influenced
by the nucleation efficiency and the atom diffusion between phases [8, 9].

Solidification of hypoeutectic Al-Si based foundry alloys begins with the nucleation and growth
of the primary a-Al, followed by subsequent precipitation of various phases containing alloying
and trace elements. The typical cooling curve and summary of the reactions during solidification
of A319 (Al-Si-Cu-Mg based) alloy are shown in Figure 2 and Table 1, respectively [10].
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Figure 2. Thermal analysis data collected from center and wall regions during solidification of A319 (Al-Si-Cu-Mg
based) alloy [10].

Table 1. Summary of reactions occurring during solidification of A319 alloys [10].

Reaction No. Reaction type Temp. °C
1 Formation of a-Al dendrite network 609
2 a) L — (Al) + Al;sMn;Si, 590
b) L — (Al) + Al;sMn3Siz + (AlsFeSi)
3 L — (Al) + Si + AlsFeSi 575
4 L — (Al) + Al,Cu +Si + AlsFeSi 525
5 L — (Al) + ALL,Cu + Si + AlsCu,MgsSie 507

The solidification rate defines the scale (coarseness) of the microstructure including the fraction,
size and distribution of primary a-Al, eutectic Si and intermetallic phases, and the segregation
profiles of solute elements inside a-Al grains. Increasing the solidification rate refines all
microstructural features including grain size, secondary dendrite arm spacing (SDAS), eutectic Si
particles and intermetallic phases [8, 11-17]. Large and brittle intermetallic phases form during
slow solidification, which may initiate or link fracture, thus decreasing elongation to failure.
Moreover, the defect size, such as pore size, is also controlled to some extent by the solidification
rate. The influence of defects on elongation to failure and fatigue properties depends on their size,
shape, distribution and fraction [8, 18].

However, the solidification rate cannot be effectively controlled in medium- and large-sized
castings; hence, the chemical treatment of the molten metal becomes an essential tool for
manipulating and controlling the evolution of microstructure in the slowly-solidifying regions.
Sections 1.2.1 and 1.2.2 outline the roles of grain refinement and eutectic modification,
respectively, in controlling the microstructural evolution of Al-Si based foundry alloys.

1.2.1. Grain refinement

Grain refinement is a common practice in foundries to obtain fine and equiaxed a-Al grains
structure. The refined grain structure provides uniform mechanical properties, reduced ingot
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cracking, improved feeding to eliminate shrinkage porosity, fine and homogeneous distribution of
intermetallic compounds and microporosity, and also improved machinability [19].

The most common technique to promote the formation of fine and equiaxed a-Al grains is to add
certain chemical elements or agents that facilitate easy nucleation of a-Al grains. Commercial Al-
Ti-B based grain refiners, which are normally manufactured with more Ti amounts than that
required to form TiB», are commonly used worldwide for the grain refinement of Al alloys [20-
22]. The most widely used grain refiner for Al alloys is Al-5Ti-1B (in wt.%) master alloy, which
contains excess Ti over the stoichiometric ratio of TiB> [23]; while insoluble TiB: acts as
heterogeneous nucleation sites for a-Al, excess Ti provides significant constitutional undercooling
at the growth front, thus enhancing the potency of TiB», and also slowing down the growth of a-
Al [14, 23, 24]. Timelli et al. [14] reported how increasing the amount of Al-5Ti-1B grain refiners
can progressively reduce the grain size of Al-7Si-3Cu-Mg alloy in the addition level of up to 0.17
wt.% Ti, while further increase of grain refiner addition level showed no apparent influence on the
level of grain refinement (see Figure 3); changes in the nucleation and growth temperatures of o-
Al with grain refiner addition were also observable in the cooling curves, as can be seen in Figure
4.

Although several mechanisms responsible for the grain refinement of Al alloys, induced by the
addition of Al-Ti-B based grain refiners have been proposed [19, 23, 25-27], recent studies [23]
claim that effective grain refinement by the Al-5Ti-1B grain refiner is directly attributed to the
enhanced potency of TiB: particles as a result of (1) the formation of Al3Ti two-dimensional
compound (2DC) on the basal surface of TiB> and (2) the presence of sufficient free Ti solute in
the melt. According to binary Al-Ti system, bulk Al3Ti phase (three-dimensional) is only stable in
liquid Al at Ti concentrations greater than 0.15% [23]; however, Al3Ti 2DC may be stable at the
liquid/substrate interface even at lower Ti concentrations (<0.15%) because adsorption of solute
Ti atoms from the melt to the (0001) TiB; surface to form Al;Ti 2DC tends to reduce interfacial
energy [23].

Base 0.074wt.% Ti 0.10wt.% Ti 0.125wt.% Ti

0.15wt.%Ti 0.175wt.%Ti 0.20wt.%Ti 0.225wt.%Ti
Figure 3. Effects of Al-5Ti-1B addition on the grain structure of thermal analysis test sections. The amount of Al-
5Ti-1B master alloy is expressed as Ti content [14].
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Figure 4. Cooling curves of the Al-7Si-3Cu-0.3Mg alloy in the region of primary a-Al formation at different Al-
5Ti-1B levels. The amount of grain refiner is expressed as Ti content [14].

Although the AI-5Ti-1B grain refiners perform well in wrought Al alloys [28-30], their
performance is limited in Al-Si foundry alloys with higher Si concentration [31, 32]. High content
of Si, which leads to the formation of silicides by interacting with Ti and Al and thus severely
impairs the potency of TiB2 and Al3Ti particles, is claimed to be responsible for the poor response
of foundry Al alloys to grain refinement with Al-Ti-B master alloys [33]. Furthermore, the
presence of some trace elements, such as Zr, can induce negative impact on the grain refining
efficiency of AI-Ti-B master alloys and, as a result, the optimum level of grain refiners in
secondary Al alloys cannot be equally achieved as compared to primary alloys [29, 34]. Zirconium
is thought to poison the potency of nucleation agents, such as TiB> particularly at higher melt
superheats, ~800 °C [29], however, the mechanism underlying this behaviour remains unclear.
Since secondary Al alloys normally contains several types of transition metals as impurities, such
as Zr, V, Cr, further investigations seem still necessary to assess the grain refining efficiency of
Al-Ti-B refiners.

In view of the poor grain refining performance of Al-5Ti-1B in Al-Si alloys with higher Si
concentrations, there is an ongoing research to develop new types of grain refiners [35, 36]. Al-B
can be a substitute for Al-Ti-B system as AIB; particles have been found to be highly efficient in
grain refinement of Al-Si alloys with higher Si levels [36].

1.2.2. Eutectic modification

Owing to their faceted growth mode, eutectic Si particles tend to precipitate in flaky morphology
under normal solidification conditions [37]. The size and morphology of eutectic Si particles have
significant influence on alloy mechanical properties, particularly ductility. Coarse, flaky Si
particles may act as stress concentration sites and crack propagation paths. Application of high
solidification rates or solution heat treatment, and addition of certain elements, such as Sr and Na,
to Al-Si alloys are the most common techniques to enable the growth of Si particles in more
desirable morphology [38]. For gravity- and sand-casting processes, the addition of Sr or Na have
been found to be very effective in changing the morphology of Si particles from flaky-like to
fibrous-like (see Figure 5), which is referred to as the eutectic modification in the literature. In
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general, modification of eutectic Si particles can be achieved by introducing a very low amount
(150-300 ppm) of alloying element, such as Sr, into the melt [39-42].

The most well-accepted mechanism of eutectic Si modification by impurities has been explained
by Lu and Hellawell [43, 44]; the authors reported that impurity atoms of the suitable size can
force the nucleation of twins and stacking faults at the solid-liquid (eutectic Si-melt) interface.
These twins create sites for atom attachment at the interface, facilitating the growth in a manner
like that of an atomically rough interface. As a result, the morphology of the eutectic Si particles
modifies from flakes to fibers (see Figure 6). Recently, it has been revealed that Sr-Al-Si clusters
can form at the eutectic Si/liquid interface and also take part in the modification process by altering
the growth of eutectic Si [45, 46].
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Figure 5. Comparison of the eutectic Si morphology in (a) unmodified and (b) Sr-modified (300ppm Sr) Al-7Si-3Cu-
0.3Mg alloy.

Figure 6. Microstructure of a Sr-modified Al-Si alloy (a) at low magnification, and (b) at higher magnification and
deeply etched [47].

1.2.3. Formation of Fe-rich intermetallic phases

Iron is one of the most harmful impurities in Al-Si foundry alloys and its content tends to increase
modestly the more frequently the metal has been recycled. Wear and tear of process equipment is
the main source for the build-up of Fe impurities [48]. Owing to low solid solubility in a-Al, solute
Fe tends to strongly partition into the interdendritic regions and, depending on the cooling rate and

6
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the alloy composition, the formation of various Fe-rich compounds such as a-AlgFe>Si or -
Alis(FeMn)3Siz, B-AlsFeSi, 6-AlsFeSio, N-Al;CuoFe and n-AlgMgsFeSis phases can occur during
alloy solidification [49, 50].

The o-Alis(FeMn)3Si> and B-AlsFeSi are the most common compounds appearing in the
microstructure of Al-Si alloys. The non-faceted a-Alis(FeMn)3;Si> grows more easily in irregular
and curved crystal form conforming to the complicated shape of the interdendritic spaces during
solidification (see Figure 7) [10]. In contrast, the growth of B-AlsFeSi phase occurs with the twin
plane re-entrant (TPRE) mechanism in a faceted mode (see Figure 8) [51, 52].

The B-AlsFeSi is the most deleterious Fe-rich phase. The high-stress concentrations at sharp edges
of B-AlsFeSi particles as well as the weak bond between the -AlsFeSi phase and the Al matrix
promote crack initiation, thus decreasing alloy ductility [53]. The platelet morphology of this phase
creates feeding difficulties during solidification, leading to porosity formation [54]. Furthermore,
the B-AlsFeSi compounds are brittle and hard which is deleterious to the machinability of cast
parts [55].

The formation of B-AlsFeSi in the microstructure can be alleviated by various techniques: (1)
alloying with transition elements such as Mn, Cr, V, Ni; (2) rapid solidification; (3) melt
superheating [56]. The most common technique to neutralize/minimize the adverse effects of Fe
is Mn addition and thus promotion of the formation of less harmful a-Alis(FeMn)3;Siz phase during
alloy solidifiication. The weight ratio between Fe and Mn, that is needed to avoid the formation of
B-AlsFeSi particles, depends on both the content of Fe and the cooling rate [57]. However, the
ratio of 2:1 between Fe and Mn has been generally accepted as an optimum level.

Figure 8 a and b. Two views of the same group of $-AlsFeSi intermetallics in Al-9Si-1Fe alloy [59].
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In addition, applying higher cooling rate has been reported to eliminate or reduce B-AlsFeSi
formation [60-63]. The displacement of the nucleation temperature of -AlsFeSi towards lower
temperatures with increasing cooling rate has been observed, thus reducing the time available for
the growth of B-AlsFeSi [57]. Moreover, it is also well-known that the cooling rate can control the
nucleation and growth processes, affecting both the number density and the size of microstructural
features, such as B-AlsFeSi particles [64, 65].

Several studies have focused on understanding the nucleation behaviour of B-AlsFeSi [57, 66].
The y-Al,03 particles are believed to serve as a nucleation site for the formation of B-AlsFeSi
compounds and, in order to deactivate this nucleation site, melt superheating is proposed to
transform y-Al>O3 to a-Al>O3, which is believed to be impotent site for B-AlsFeSi nucleation [57].
It has also been proposed that AIP, which is a potent nucleus for eutectic silicon, may also aid the
nucleation of the B-AlsFeSi [41]. Worthy to note that most of the studies over the formation of Fe-
rich phases in Al-Si alloys have been conducted in non-grain-refined state; in contrast, grain
refinement with Al-Ti-B is thought to affect the precipitation of Fe-rich phases and conflicting
data exist in the literature in this regard. It has been stated that refinement of B-AlsFeSi particles
can occur after Al-Ti-B addition [14, 67], whereas, in other studies [68, 69], the grain refinement
with Al-Ti-B exerted opposite impact. Since grain refinement of Al-Si alloys by Al-Ti-B based
master alloy is a common practice in foundries to improve material performance, understanding
the effect of grain refiner addition on the formation of Fe-bearing intermetallics is of great
importance.

1.3. HEAT TREATMENT OF Al-Si-Cu-Mg ALLOYS

Heat treatment is an important post-solidification step for Al-Si-Cu-Mg alloys as it significantly
improves alloy mechanical properties. Figure 9 shows the main heat treatment steps normally used
for these alloys. Firstly, solution heat treatment is applied to an alloy at temperature just below the
solidus temperature for a long enough time to enable the dissolution of the interdendritic
compounds into the a-Al grains. Then, the alloy should be quenched to obtain supersaturated solid
solution. In a final (aging) step, alloy is exposed to a temperature considerably lower than that
used in solution heat treatment step, thus encouraging the solid-state precipitations of Cu- and/or
Mg-rich particles inside a-Al matrix [8].

Solution heat treatment (SHT)
Tsur|—- >
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Figure 9. Diagram showing the three steps for precipitation hardening.
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1.3.1. Solution heat treatment

In Al-Si-Cu-Mg alloys, the solution treatment fulfils three roles [8, 70, 71]:
e homogenization of the as-cast structure;

e dissolution of some intermetallic phases such as Al,Cu and Mg>Si;
e change of the size and morphology of eutectic silicon.

The time required for homogenization depends on the solution temperature and the SDAS value.
In conventional solution treatment stage, the solution temperature of Al-Si-Cu-Mg alloys is
maintained just below the melting temperature of the lastly-solidified phase in order to avoid its
local melting, also called incipient melting [72, 73]. The time at a given solution treatment
temperature must be long enough to fulfil the objectives of the solution heat treatment. In alloys
with high Cu concentration, complete dissolution of the AlLbCu phase during solution heat
treatment may not take place. It has been also reported that blocky Al,Cu particles need higher
solutionizing temperature compared to the eutectic AloCu particles [70, 73, 74]. Samuel et al. [75]
reported that increasing Mg content in A319 Al alloy decreases the incipient melting temperature
due to the formation of the Q-AlsMgsSicCux phase. Heating rate to the solution treatment
temperature and the solidification rate are the two parameters that can be used to determine the
exact solution heat treatment temperature. Sokolowski et al. [76, 77] revealed that application of
two-step solution treatment to A319 Al alloys can significantly reduce the amount of interdendritic
Cu/Mg-rich phases, hence positively contributing to alloy mechanical properties.

1.3.2. Quenching

The objectives of quenching are to retain the maximum amount of the precipitation hardening
elements in solution to form a supersaturated solid solution at low temperatures and introduce a
large amount of lattice vacancies [8, 78].

The quench rate is a critical parameter for most Al-Si casting alloys particularly at the temperature
interval between 450 °C and 200 °C because high level of supersaturation and a high diffusion rate
available in this temperature range can enable the formation of precipitates very quickly. However,
at higher temperatures the supersaturation level is too low, whereas at lower temperatures the
diffusion rate is very limited for the precipitation to quickly take place [8, 78].

Furthermore, faster quench rate allows retaining higher vacancy concentration, thus enabling
higher mobility of the elements inside a-Al matrix during aging. An optimum quench rate should
yield a greater amount of lattice vacancies and low part distortion level. Lower quench rate can
reduce residual stresses and distortion in the components, however, it can also exert deleterious
impacts such as precipitation during quenching and reduced alloy response to aging treatment [79].
It has been stated that 4°C/s is a limiting quench rate above which the yield strength increases
slowly with further increase in quench rate [8, 78]. The effectiveness of the quench is dependent
upon the quench media and the quench interval. Water is the dominant quenchant for Al alloys

8].

1.3.3. Aging

With the application of solution heat treatment and quenching stages, the a-Al matrix with the high
supersaturation of solute atoms and vacancies can be obtained. Guinier-Preston (GP) zones
consisting of localized Cu atoms, tend to form at room temperature. At temperatures above 100
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°C, the dissolution of GP zones takes place [70] and then 0" phase tends to form in their place. A
reduction in strength is seen with the dissolution of GP zones, occurring until the 8" phase starts
forming. More prolonged aging leads to the transformation of 6" to the metastable 0', which is
partially coherent with the a-Al matrix, and finally, to the stable 0 (AloCu), which is incoherent
with the a-Al matrix. Maximum strength is obtained when the highest fraction of 0" phase is
present [70, 80]. In the presence of Mg, various types of precipitates in different combinations
have been observed in the peak-aged condition of Al-Si-Cu-Mg alloys. The type of precipitates
that form depends on the alloy composition, the thermal history of the alloy and the ageing
parameters applied. Examples of precipitates that can be present in the peak-aged condition are "
(Mg2Si), 0' (ALCu) and Q' (AlsMgsSisCuz) [70, 81]. The strength obtained for quaternary Al-Si-
Cu-Mg alloys after heat treatment is much higher than for the ternary Al-Si-Cu alloys [70, 82].

1.4. HIGH-TEMPERATURE STRENGTHENING IN Al-Si BASED ALLOYS VIA
TRANSITION METALS ADDITION

1.4.1. Motivation

Al-Si alloys strengthened by Cu and Mg addition via precipitation hardening mechanism perform
adequately at temperatures below 200 °C [18, 47, 83, 84]. However, at higher temperatures, solute
diffusion of Cu and Mg tends to be increasingly effective in promoting the precipitate coarsening
within the matrix, thus contributing to the alloy softening [85-88]. Figure 10 shows how increasing
the testing temperature significantly reduces the alloy strength.
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Figure 10. UTS values for an A354 alloy in as-cast and T6 heat treated states as function of testing temperature [1,

83].

The operating temperature in engine combustion chamber can often exceed 200 °C during service
[87, 89]. Moreover, a further increase of operating temperature is anticipated due to the expected
engine power enhancement in near future, which indicates the necessity for the development of a
new creep-resistant Al alloys [7, 87, 88].
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1.4.2. Criteria for strengthening

According to equation (1), several parameters can influence the rate constant of Ostwald ripening
[90]. These are the diffusivity of the rate-controlling solute (D), the precipitate-matrix interfacial
free energy y and the equilibrium solubility of the solute elements in the precipitate and matrix
phases C# and C*

K ~ _Dr (1)
(e

For creep-resistant Al alloys, the Ostwald ripening process must be slowed down. According to

equation (1), the coarsening rate can be decreased when the solutes exhibit the following

properties:

e ability to form high volume fraction of strengthening particles with smaller size and more
homogeneous distribution;

e small diffusivity in a-Al;

e low solid solubility in a-Al;

e ability to form precipitates that possess similar crystal structure and low lattice parameter
mismatch with a-Al

Hence, to improve alloy high-temperature mechanical properties, the solid-state transformation of

coarsening resistant precipitates should be encouraged. Slow-diffusing transition metals such as

Zr and V can form trialuminide compounds and/or other types of precipitates containing transition

metals, which all are considered as potential candidates for improving high-temperature

mechanical properties of Al alloys [1, 91].

1.4.3. Theoretical background

Several studies [7, 92-95] revealed how adding certain transition elements and applying
appropriate heat treatment to Al-based alloys can yield the formation of thermally stable
precipitates inside a-Al grains. The peritectic-forming Zr and Sc are believed to have a notable
influence on precipitation strengthening [90, 96, 97]. Although the formation of stable, coherent
AlzSc precipitates is highly preferable, Sc is too costly to be used in Al-Si alloys [98]. Zirconium,
in contrast, is relatively cheap element [98, 99]. The Zr-rich trialuminide can be as either semi-
coherent tetragonal (Figure 12b,c) or coherent cubic (Figure 12a) phase; both these forms,
particularly the latter one, have been found to make low energy interfaces with the matrix [90, 97].
However, low solid solubility of Zr in a-Al (see Figure 11a) restricts the formation of precipitates
at high volume fraction.

Vanadium is also a slow-diffusing peritectic element, showing the maximum solid solubility (~0.4
wt.%) at the peritectic temperature of 611°C (Figure 11b) [1]. While some works showed that the
formation of A3V or AlioV could be beneficial for the improvement of Al alloy performance
[100], others reported how the precipitation of AlioV phase, particularly at grain boundaries, can
deteriorate alloy mechanical properties [101]

Enriching trialuminides with other elements is considered as the promising way to further improve
the precipitation strengthening of trialuminides. The lattice parameters of (L12) AlzZr phases could
be reduced by addition of Ti, Hf, or V [72, 101, 102] and, in turn, this can lead to even greater
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stability of the AlzZr phase by improving the lattice parameter mismatch with the a-Al solid
solution. It has been also reported how the density of intradendritic Mo-rich dispersoids can be
significantly raised by increasing the Mn content. Hence, it can be noted that the formation of
binary dispersoids can make less contribution for the improvement of high-temperature
mechanical properties mainly due to their limited volume fraction. Transforming the binary
precipitates into ternary or quaternary forms by alloying with appropriate elements can contribute
to an increase in volume fraction of precipitates, thus exerting better influence on alloy strength
properties [58]. Therefore, further investigations in this regard might yield the possibility of the
formation of a new type of dispersoids that can make significant contribution to the improvement
in material high-temperature mechanical properties.
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Figure 11. Phase diagrams of (a) Al-Zr and (b) Al-V systems [103].
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Nickel is typically added to Al-Si piston alloys to improve both hardness and strength parameters
at elevated temperatures as Ni-rich compounds forming during solidification are thermally
resistant [84, 105]. As the solid solubility of Ni in Al is 0.04 wt.% [106], it strongly partitions to
the interdendritic liquid regions during solidification, leading to the formation of various Ni-rich
intermetallics. According to the equilibrium phase diagrams and experimental investigations, Ni
was found to interact with Al, Cu and Fe, forming &-Al3Ni, 6-Al3CuNi, y-Al;CusNi, T-AloFeNi
and other complex intermetallic phases (Figure 13), which all are believed to positively contribute
to alloy high-temperature strength [74, 106].
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Figure 13. Microstructures of the as-cast Al-7Si-0.5Cu-Mg-(Fe) alloy with (a) 0.1 and (b) 0.3% Ni [59, 106]. The
main phases are identified throughout.

1.4.4. Recent developments

Mahmudi et al. [107, 108] studied the effect of Zr on the mechanical properties of Al-Si-Cu
foundry alloy and revealed that the presence of 0.15 wt.% Zr improves the hardness in both as-
solutionized and age-hardened conditions (Figure 14). The improvement in hardness becomes
more evident upon applying solution heat treatment for longer than 10 hours. This is attributed to
the formation of intradendritic Al3Zr precipitates (Figure 15) during solution heat treatment. Figure
14b shows the evolution of hardness as function of aging time and it is evident that Zr-added alloy
exhibits higher hardness than the base alloy in all aging conditions applied.

Adding Zr and Mn caused no significant increase in the high-temperature tensile strength of A356
+ 0.5Cu alloy; however, the creep resistance increased due to the precipitation of fine, thermally
stable e-AlSiZr dispersoids throughout the microstructure. In addition, Zr/Mn-added alloy also
showed better ductility than the base alloy over a broad temperature range as the formation of
needle-like Fe-rich compounds were suppressed in favour of script-like Fe-rich compounds [109].
Alloying Al-Si piston alloy with 0.11% Zr caused a moderate increase in alloy tensile properties
at 350°C, while 0.46% Zr addition showed opposite impact [110]; the authors associated the
improvement to the strengthening effect of Zr in the alloy and the deterioration to the formation
of interdendritic AlSiZr intermetallics with more harmful morphology. Higher addition levels of
peritectic-forming Zr substantially increases the liquidus temperature (Figure 11a) and leads to the
formation of primary, coarse Zr-rich compounds. These compounds not only reduce the
precipitation strengthening effect of Zr, but also leads to an increase in fraction of interdendritic
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intermetallics, which can be one of the reason for the degradation of the mechanical properties.
Similar behaviour has been observed in A354 alloy with 0.4 wt.% Zr addition [18, 84].
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Figure 14. Hardness evolution of an A319 alloy, with or without Zr addition (0.15 wt.%), as a function of (a)
solution heat treatment time and (b) aging time after 24h solution treatment [58, 107, 108].

Figure 15. SEM micrograph of heat treated A319-Zr alloy indicating the presence of Zr-bearing precipitates as

confirmed by EDS spectrum [59, 107, 108].
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Addition of 0.2 wt.% Ni and/or 0.2 wt.% Zr exerted no statistically significant influense on the
room- and high-temperature tensile properties of heat-treated A354 (Al-Si-Cu-Mg system) alloy
[18, 84]. The same behaviour has been seen in case of A356 (Al-Si-Mg system) alloy with
additions of 600 ppm Ni and 1000 ppm V [89]. However, as shown in Figure 16a, at 300 °C testing
temperature, there is a slight increase in UTS and Y'S of Ni- and Zr-containing alloys in the heat-
treated condition if compared to the base alloy. A significant UTS improvement has been observed
in the alloys containing 0.2 wt.% Ni and 0.2 wt.% Zr in the as-cast condition with respect to the
base alloy (Figure 16b), and this was attributed to the formation of Ni- and Zr-rich intermetallics
(Figure 17), which can obstruct further development of cracks [18, 84, 111].
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Figure 16. UTS and YS values of Ni/Zr-containing A354 alloys in (a) heat treated and (b) as-cast conditions as
function of the testing temperature [59, 83].

Li et al. [112] found that among various Ni-rich intermetallic compounds, the 6-Al3CuNi phase
possesses the most efficient contribution to high temperature strength of Al-Si piston alloys due to
its strip-like interconnected morphology, which is consistent with [106] too. The AlgFeNi phase is
very brittle even at elevated temperatures and its fracture at the early stage of creep deformation
was found to reduce the creep resistance of the alloy. Modification of AlgFeNi particles with Mn
appears to prevent cracking of these compounds and increase the creep resistance [113].
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The room- and high-temperature tensile properties of Al-9Si-1Cu alloy considerably increased
upon the addition of 0.2 wt.% Mn and 1 wt.% Ni (Figure 18) [114]. The effect of Ni addition on
high-temperature fatigue toughness and fracture mechanisms of A357 alloy was evaluated [115]
and it has been observed how the high-temperature tensile strength and cyclic fatigue are definitely
increased. It is worthy to note that high Ni content in the Al foundry alloys seems not to be
practical, mainly because it would increase the cost of the alloy too much [83].
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Figure 18. UTS, YS and Brinell hardness values of Mn- and Ni-containing Al-9Si-Cu alloys as function of testing
temperature. Before tensile testing, the specimens were pre-conditioned for 500 hours at the corresponding test
temperature [114].

The formation of Al(FeMo)Si dispersoids in the microstructure of Mo-containing Al-Si7-Cu0.5-
Mg0.3 alloy effectively hindered the dislocation motions, leading to a significant increase in the
elevated temperature strength and creep resistance [87]. Further addition of Mn to Mo-containing
alloy caused an increase in the density of secondary precipitates and decrease in their average size,
which leads to further improvement in high temperature mechanical properties. However, higher
amount of Mn than the critical level increased the volume fraction of interdendritic intermetallics,
thus deteriorating alloy ductility [88].

The modification of a new Mg-free A319 Al alloy with Zr and V additions showed negligible
influence on alloy tensile properties at room temperature, however appreciable positive effect was
observable at high temperature [23]. Adding combined Zr and V to an A356 alloy enhanced yield
point and cyclic yield strength, while UTS remained almost constant (Figure 19a); in addition,
hardness of Zr/V-modified alloy was higher in the range of temperatures between 150 and 250 °C,
and also 350 and 450 °C (Figure 19b) [116]. The fatigue behaviour of A356 alloy with combined
addition of V and Zr improved with respect to the alloy containing only Zr and the base A356
alloy [7, 92, 95]. This improvement was attributed to the increased volume fraction of Zr/V-rich
dispersoids. Furthermore, activation energy of the plastic deformation of Zr/V-modified A356
alloy increased, which is an indication of the beneficial role of transition elements on improving
the alloy high-temperature performance [117].
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Figure 19. Evolution of (a) hardness and (b) UTS in as-cast A356 base alloy and after Zr and V addition as a
function of testing temperature [116].

Additions of Zr, V and Ti resulted in the formation of coarse and complex Al3SisTiVioFe and
Al3Si;Ti3Zr phases, and the solution heat treatment caused only partial dissolution of these
particles (Figure 20). Their partial dissolution indicates that some concentrations of Zr and V are
available for further secondary precipitation [116]. However, the steep a-Al solvus line in Al-Zr
phase diagram (Figure 11a) indicates how the solubility of Zr in conventional heat treatment
temperature ranges is considerably limited, thus reducing the possibility of obtaining the a-Al solid
solution with high Zr concentration.

Figure 20. Microstructures of Zr- and V-containing alloy in the T6 heat treated condition: a) and b) SEM/BSE images
under various magnifications. (#1 a-Al matrix; #2 Al-Si eutectic; #3 AlLCu; #4 AlgFeMgsSig; #5 AlysSiTiZry; #6
AlSiTiVFe) [116].

The presence of Zr and V containing secondary precipitates in the microstructure (Figure 21) is
confirmed by TEM characterization combined with EDS and diffraction analysis [116]. They are
identified as rod-shaped stable Al3(ZrVTi) trialuminides with tetragonal structure. It should be
noted that these precipitates are also found in smaller sizes (below 50 nm) with an L1> type
structure.
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(a)
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Figure 21. TEM observat10ns of secondary prempltates in the microstructure of A356 alloy in T6 + holdlng at 475°C
for 128 h condition. (a) Bright field image of an Al3(ZrVTi) precipitate and the corresponding SAED pattern (inset).
(b) Z-contrast high angle annular dark field image (HAADF) of the secondary precipitate structure along with
elemental maps showing the two types of AlL,CuMg (S-phase) secondary precipitates and nano-rods of Al3(ZrVTi)
covered by Si and Cu nano-particles [116].

1.4.5. Manufacturing issues

Several studies indicate how to attain the maximum beneficial effect of transition elements on
precipitation strengthening of Al-Si alloys, it is necessary to apply the processing route that can
yield the formation of nano-sized and homogenously dispersed precipitates throughout the
microstructure. Considering that the post-solidification homogenization is limited due to steep o-
Al solvus in binary Al-Zr, Al-Ti and Al-V equilibrium phase diagrams (Figure 11), the
supersaturated Zr, Ti and V amounts in solid solution of a-Al matrix should be achieved during
solidification. Therefore, by applying subsequent heat treatment, the solid-state precipitation of
transition metals-rich phases can occur, thus exerting better influence on alloy high-temperature
mechanical properties. However, there are several other factors which should be also considered
in maximizing the precipitation hardening effects of peritectic-forming transition metals:

e Several transition metals such as Ti, V and Zr Al have peritectic phase diagram with Al and
form primary trialuminide at hyperperitectic concentrations [104]. Since the liquidus
temperature increases with increasing the solute concentrations in the peritectic systems
(Figure 11), it necessitates to raise melt holding and pouring temperatures to obtain single
liquid phase. However, too high melt temperature is not preferable in foundry industries as it
leads to high energy consumption and reduced tool life. If the pouring temperature is not
enough high, then, during pouring and mould cavity filling, the melt loses its temperature,
giving rise to the formation of coarser and heterogeneously distributed primary precipitates.
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Moreover, in the presence of higher concentrations of peritectic-forming transition metals
than their solubility limit in a-Al, the solidification starts with the crystallization of pro-
peritectic AlsM (M is a peritectic-forming transition metal) phase in equilibrium or near-
equilibrium solidification conditions. The more solute content in the alloy, the coarser and
insoluble intermetallics containing transition metals tend to form during early stage of
solidification. These insoluble compounds significantly limit the precipitation strengthening
effects of the transition metals and therefore, it is necessary to apply proper solute
concentrations and cooling conditions to maximize the amount of supersaturated transition
metals in solid solution of a-Al matrix directly during alloy solidification.

It is known that Al-Ti-B based master alloys are typically used to obtain fine and equiaxed a-
Al grains in Al alloys. The marked grain refinement is generally attributed to the presence of
AlTi and TiB> particles, which act as heterogeneous nuclei for a-Al during alloy
solidification [23]. However, in the combined presence of Al-Ti-B based grain refiners and
peritectic-forming transition metals such as Zr, interaction of transition metals with Al3Ti and
TiB: particles occurs [28, 29], yielding neither effective grain refinement nor the formation
of the microstructure favourable for high-temperature applications.

Silicon is known to have negative influence on the formation of trialuminides containing
transition metals [33] because it lowers solid solubility of peritectic-forming transition metals
in o-Al matrix [118-120], and it also decreases their ability to form more favourable
dispersoids. Si can incorporate into the structure of trialuminides, negatively affecting their
coarsening resistance [104, 121]. This behaviour limits the critical content of transition
elements in the Al alloys which can make the best contribution to dispersion hardening.
Recently, it has been observed how the primary and interdendritic Zr-rich phases formed
during solidification can undergo partial dissolution upon applying solution heat treatment
[116]. The presence of Zr in the alloy can increase the optimum solutionizing time of the alloy
[108] as the solid-state precipitation of Zr/V-rich particles occurs directly during solution heat
treatment process, but not during aging. It has been stated that the temperature range of 495-
530°C is needed to enable the formation of Al;Zr precipitates [122]. It is worthy to note that
under certain solution heat treatment conditions, the cubic L1, Zr-rich precipitates (Figure
12a) can transform into complex tetragonal D02 or D03 structures (Figure 12b and c). The
precipitates with D02, and D0»;3 structures are semi-coherent with the a-Al matrix. As a result,
the coherency strengthening diminishes when these precipitates form at the expense of the
L1, precipitates. The loss of coherency between the precipitate and the matrix accelerates the
Ostwald ripening of the precipitate and the alloy will lose some part of the strengthening effect
[83]. Therefore, for the alloys containing transition elements, the heat treatment parameters
should be carefully set to ensure the adequate microstructure refinement and the activation of
Zr and/or V enriched secondary precipitates.
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2. RESEARCH APPROACH

CHAPTER INTRODUCTION

This chapter describes the research methodology used in this study. First, the aim, scope and the
research questions of the present study are described, and then, the summary of research activity
and methodology used in this study are presented; thorough experimental details can be found in
research papers appended to this thesis.

2.1. AIM AND SCOPE

Secondary Al-Si-Cu-Mg based foundry alloys are increasingly used in automotive industry,
particularly in the fabrication of engine components. One issue which is still a subject of ongoing
investigations in secondary Al-Si alloys is the presence of several types of transition metal
impurities, such as Fe, Mn, Cr, Ti, V, Ni and Zr, in trace amounts. Intermetallic compounds formed
from these elements during solidification tend to degrade alloy mechanical properties, particularly
ductility. Considering the difficulty or too costly route of the removal of some trace elements, such
as Fe, from Al-Si alloys, considerable research activities have been conducted in recent years to
favour the formation of more desirable type of intermetallic compounds at the expense of
deleterious ones. Although phases formation involving these transition metal impurities in non-
grain-refined Al-Si alloys has been extensively studied [55, 62, 66, 123, 124], role of chemical
grain refinement in microstructural evolution of secondary Al-Si-Cu-Mg alloys needs further
investigations since grain refinement is considered as one of the critical melt treatment operations.
This work primarily aims to characterize the formation of intermetallic phases containing
transition metal impurities in both non-grain-refined and grain-refined Al-Si alloys and contribute
to the understanding of the mechanisms underlying the microstructural changes occurring with the
addition of grain refiner. Another issue to consider is the limited thermal stability of Al-Si-Cu-Mg
alloys at temperatures above 200 °C. It has been reported [87, 89] how the operating temperature
in engine combustion chamber can often exceed 200 °C during service. Moreover, a further
increase of operating temperature is anticipated due to the expected engine power enhancement in
near future, which indicates the necessity for the development of a new creep-resistant Al alloys
[7]. Deliberate addition of transition metals is believed to yield a new heat-resistant alloy as
induced by the solid-state formation of thermally stable dispersoids inside a-Al grains [125]. This
study thus also attempted to investigate the effect of adding transition metals Zr, V and Ni on the
solidification processing, microstructural evolution and room/high-temperature tensile properties
of secondary Al-Si-Cu-Mg alloys, with the aim of estimating the feasibility of the enhancement of
high-temperature strength properties of secondary (recycled) Al-Si-Cu-Mg foundry alloys via
transition metals addition.
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2.2. RESEARCH DESIGN
2.2.1. Research perspective

The flow chart, shown in Figure 22, illustrates the research approach adopted in this study.
Initially, the topics of interest were defined considering some metallurgical issues commonly
encountered in the fabrication and use of secondary Al-Si-Cu-Mg alloys. Comprehensive
literature survey was conducted on selected research topics. The online library search engines,
such as Scopus, Science Direct, Springer Link and Google Scholar, were used to conduct
comprehensive bibliographic search in the topics of interest. The review of relevant literature
allowed to critically summarize the current knowledge in the selected area of research and
define the research questions. The experiment was designed to address the research questions.
The results obtained from the experimental activities were analysed, evaluated and compared
with the findings available in the literature.

Topics of interest Literature survey Research questions

Secondary ALSi-Cu-Mg [~  Subjects pertinent to \J PefingIesesicquestions

foundry alloys the topics of interest based on literature
4 survey
Jd L
Conclusion Results and discussion Experiméhtal design
) Design of experiments,
Data collection and analysis, |/ conducting experimental

L L discussion of the results |\ activities and

running the tests

Figure 22. Schematic illustration of the research approach used in the present work.

The present study investigated the role of (a) transition metal impurities (research phases I — III)
and (b) deliberately added transition metals (research phases IV and V) on the solidification path,
microstructural evolution and mechanical properties of secondary Al-7Si-3Cu-0.3Mg alloys.

e Phase I — Grain refinement, eutectic modification and intermetallics formation in
secondary Al-Si-Cu-Mg alloys: role of transition metal impurities. The roles of impurity
(trace) elements and melt superheat in the efficiency of grain refinement with Al-5Ti-1B,
eutectic modification by Al-10Sr and the precipitation behaviour of intermetallic phases in
secondary Al-7Si-3Cu-0.3Mg alloy were investigated. The findings of this study can facilitate
foundries and alloy development communities to optimize the grain refiner addition level more
effectively by considering the contribution of transition metal impurities, such as Zr and V.

e Phase II — Fe-rich intermetallics in secondary Al-Si-Cu-Mg alloys: role of Al-5Ti-1B
grain refiner. The influence of adding AI-5Ti-1B and Al-10Ti grain refiners on the
precipitation of Fe-rich compounds in secondary Al-7Si-3Cu-0.3Mg alloy was investigated.
The findings of this study can contribute to an understanding of the mechanisms underlying
the influence of grain refiner on the formation of Fe-rich intermetallics. Moreover, the obtained
results stimulate foundries and alloy development communities to develop more effective grain
refining master alloys having no deleterious impact on the formation of Fe-rich intermetallic
phases.
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Phase III — Fe-rich intermetallics in secondary Al-Si-Cu-Mg alloys: a comparison of the
roles of Al-5Ti-1B and Al-5B grain refiners. The effects of cooling rate and adding varying
levels of Al-5B and Al-5Ti-1B grain refiners on the formation of Fe-rich intermetallics in
secondary Al-7Si-3Cu-0.3Mg alloy were investigated. This study compares two different grain
refining master alloys (Al-5Ti-1B and Al-5B) in terms of their influence on the precipitation
of Fe-rich intermetallic compounds in secondary Al-Si-Cu-Mg alloys.

Phase IV — Solidification processing and microstructural evolution of secondary Al-Si-
Cu-Mg alloys: Role of Zr, V and Ni additions. The effect of individual and combined Ni, V
and Zr additions on macro- and microstructural features, such as the grain refinement level and
the characteristics (size, morphology, chemical composition and crystal structure) of phases
forming during solidification was investigated. The findings of this study can allow gaining
further understanding of the role of deliberately-added transition metals in the possibility of
developing a new generation of heat-resistant Al-Si based foundry alloys.

Phase V — Microstructural evolution and tensile properties of secondary Al-Si-Cu-Mg
alloys: Role of Zr and V addition. The effect of Zr and V additions and heat treatment on
microstructural evolution and tensile properties of secondary Al-7Si-3Cu-0.3Mg alloy was
investigated, with the aim of revealing a new type of thermally stable, intradendritic
precipitates having greater potential in high-temperature strengthening of Al-Si based alloys.
The findings of this study can estimate the feasibility of high-temperature strengthening in
secondary Al-Si alloys via transition metals addition.

2.2.2. Research questions

Several research questions have been raised and addressed during each phase of this study. The

main questions can be categorized into two main groups and are addressed in the indicated

Supplements:
» Transition metal impurities, which are commonly present in secondary Al alloys;

e Do transition metal impurities, such as Zr and V, have an influence on the efficiency
of grain refinement and eutectic modification of secondary Al-Si-Cu-Mg alloys? Is the
observed effect dependent on the level of melt superheat? (Supplement I)

e What is the role of transition metal impurities, such as Zr, V, Mn and Fe, in the
formation of intermetallic compounds during solidification of secondary Al-Si-Cu-Mg
alloys? (Supplements I, IT and III)

e Does grain refinement have an influence on the formation of Fe-rich intermetallic
phases in secondary Al-Si-Cu-Mg alloys? Is the observed effect dependent on the
solidification rate? (Supplements II and IIT)

e How do two different grain refining master alloys (Al-5Ti-1B and Al-5B) perform in
terms of their influence on the formation of Fe-rich phases in secondary Al-Si-Cu-Mg
alloys? Is the observed effect dependent on the solidification rate? (Supplement I1I)

e Is the ratio between Mn and Fe contents a deciding factor in suppressing the
crystallization of needle-like, deleterious B-AlsFeSi compounds via stabilization of
more desirable, script-like a-Alis(FeMn)3Si> phase during solidification of secondary
Al-7Si-3Cu-0.3Mg alloys? (Supplements II and III)
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» Deliberate addition of transition metals Zr, V and Ni;

e What is the effect of adding transition metals (Zr, V and Ni) individually or in
combination on the solidification path and microstructural evolution of secondary Al-
Si-Cu-Mg alloys? (Supplement IV)

e What is the effect of adding transition metals (Zr, V and Ni) individually or in
combination on the grain refinement of secondary Al-Si-Cu-Mg alloys? (Supplement
IV)

e Do adding Zr and V promote the formation of thermally stable precipitates inside a-Al
matrix during heat treatment of secondary Al-Si-Cu-Mg alloys? (Supplement V)

¢ Does the interaction between transition metal impurities and deliberately added Zr and
V increase the formation of thermally stable precipitates inside a-Al matrix?
(Supplement V)

e What is the effect of adding Zr and V on room- and high-temperature static tensile
properties of secondary Al-Si-Cu-Mg alloys? (Supplement V)

2.3. MATERIALS AND EXPERIMENTAL PROCEDURE

2.3.1. Materials and melt processing

In this work, Al-7Si-3Cu-0.3Mg alloy (equivalent to the US designation A320) was used as a
baseline material. The base material was supplied by Raffineria Metalli Capra and Raffmetal Spa
in the form of commercial foundry ingots produced by recycling of scrap aluminium. The master
alloys used to modify the alloy chemistry are Al-10Sr, Al-5Ti-1B, Al-10Ti, Al-10Zr, Al-10V,
Al-25Ni and Al-5B (in wt.%). This work is divided into five research phases (see Section 2.2.1.
for the objectives of each phase) and the chemical composition of the alloys investigated at
different research phases and the corresponding melt processing conditions are presented in the
following sub-sections. Research phases I, II and III describe the experimental activities
concerning the investigations of the role of transition metal impurities in solidification path and
microstructural evolution of secondary Al-7Si-3Cu-0.3Mg alloy before and after melt chemical
treatment, and the research phases IV and V present the experimental activities related to the
investigations of the role of deliberate addition of transition metals in solidification path,
microstructural evolution and tensile properties of secondary Al-7Si-3Cu-0.3Mg alloy.

2.3.1.1. Phase I — Grain refinement, eutectic modification and intermetallics
formation in secondary Al-Si-Cu-Mg alloys: role of transition metal impurities

In this research phase, metallographic and thermal analysis techniques were used to quantitatively
examine the macro- and microstructural changes occurring with increasing the pouring
temperature of the melt (700, 750 and 800 °C), before and after the combined addition of modifier
and grain refiner to the base alloy. The chemical composition of the base alloy investigated in this
research phase and referred to as untreated alloy is presented in Table 2. Al-5Ti-1B and AI-10Sr
master alloys were respectively used for grain refinement and eutectic modification and the
prepared alloy is referred to as treated alloy (see Table 2 for treated alloy composition). Ingots
were initially melted in a SiC crucible in an electric (muffle) furnace at 700 °C. The melt was
poured into a boron-nitride coated cylindrical steel cup to perform thermal analysis. Figure 23
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shows schematic illustration of the thermal analysis set-up with the cup and thermocouple. To
perform thermal analysis at higher pouring temperatures (750 and 800 °C), the melt temperature
was raised and was held for at least 30 min at a given temperature prior to pouring. For treated
alloys, the melt was treated with grain refiner and modifier with a contact time of at least 15 min,
and then, thermal analysis of treated alloy was also carried out at three different pouring
temperatures (700, 750 and 800 °C) following the same melt processing route used for untreated
alloy. Prior to pouring, the melt was stirred, and surface skimmed to remove the dross. Three series
of thermal analysis experiments were conducted for each condition. A temperature difference of
50 °C between melt pouring temperature and steel cup temperature was maintained at different
melt superheat levels. Average value of SDAS in the resulting microstructure near the tip of
thermocouple was about 60 um in both untreated and treated alloys.

60

@45
@70

Figure 23. Schematic illustration of the thermal analysis set-up with steel cup and thermocouple. All dimensions are
in mm (Courtesy of Dr. G. Basso).

Table 2. Chemical composition of the alloys investigated in this research phase (wt. %).

Alloy Si Fe Cu Mn Mg Zn Cr Ni Ti Pb Sr v Zr B Al

Untreat 7.7 044 3 023 03 07 004 0.02 010 0.03 0.000 001 0.01 0  bal

Treated 74 044 3 022 03 07 0.04 0.02 017 0.03 0013 001 0.01 0.02 bal

2.3.1.2. Phase II — Fe-rich intermetallics in secondary Al-Si-Cu-Mg alloys: role of Al-
5Ti-1B grain refiner

In this research phase, the metallographic and thermal analysis techniques were used to investigate
the role of grain refinement in the solidification path and microstructural evolution of secondary
Al-7Si-3Cu-0.3Mg alloys.

Thermal analysis (Figure 23) experiments were performed for non-grain-refined (base) alloy and
the alloys separately refined by Al-5Ti-1B and Al-10Ti master alloys. Table 3 presents the
chemical composition of the studied alloys. Melting of ingots was conducted in a SiC crucible in
an electric (muffle) furnace at 750 °C. Contact time of grain refining master alloy with the molten
metal was at least 15 min. The melt was stirred, and surface skimmed to remove the dross. Then
the melt was poured into the boron-nitride coated cylindrical steel cup preheated to 700 °C.
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Average SDAS value in the resulting microstructure near the tip of thermocouple was about 60
um in all studied alloys.

Step castings (Figure 24) were produced from two different alloys: (1) non-grain-refined (base)
alloy and (2) alloy grain refined by Al-5Ti-1B master alloy. The base material was melted in an
electrical resistance furnace at 750 & 5 °C. After having complete liquid phase, the melt was stirred
and surface skimmed. Then the melt was poured into the cavity of steel mould preheated to 390
°C. The remaining liquid metal was then treated with Al-5Ti-1B master alloy with a contact time
of at least 20 min prior to pour. Chemical composition results were similar with that of the
corresponding alloys produced for thermal analysis experiments (see Table 3).
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Figure 24. (a) Step casting CAD 3D geometry with (b) front and side views (dimensions in mm) [14].

Table 3. Chemical composition of the alloys investigated in this research phase (wt. %).

Alloy Si Fe Cu Mn Mg Zn Cr Ni Zr v Ti B Al

Base alloy 757 044 31 023 03 0.7 0.04 0.02 001 001 0.1 0.001 bal

Base alloy + Al-5Ti-1B 742 043 3.0 022 03 0.7 004 0.02 001 0.01 0.14 0.017 bal
Base alloy + AI-10T1 729 043 3.0 022 03 0.7 0.04 0.02 0.01 001 0.14 0.001 bal

2.3.1.3. Phase III — Fe-rich intermetallics in secondary Al-Si-Cu-Mg alloys: a
comparison of the roles of Al-5Ti-1B and Al-5B grain refiners

In this research phase, the Al-7Si-3Cu-0.3Mg-0.44Fe-0.24Mn-0.7Zn-0.02Ti (equivalent to the US
designation A320) was used as the base alloy. The material also contained other elements such as
Zr, V, Ca, Bi, P and Sb in amounts less than 0.01 wt.% as impurities. In comparison to the base
alloy used in other research phases (Table 2 and Table 3), the base alloy of the present research
phase contains very limited amounts of diboride-forming Ti, which enables to analyse and
compare the performance of Al-B and Al-Ti-B based master alloys more effectively.

The base alloy ingots were melted in a SiC crucible in an electric (muffle) furnace at 750°C. After
complete dissolution, the melt was stirred and surface skimmed, followed by a 10 min of holding.
The molten metal was then cast into the boron nitride-coated steel cup (Figure 23) and mould
(Figure 25), both preheated at 550°C. The remaining liquid was grain refined by Al-5Ti-1B master
alloy to produce alloys with greater B (40 and 80 ppm) and Ti (400 and 600 ppm) levels. Similarly,
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a separately-melted base alloy was treated by Al-5B master alloy to produce alloys with greater B
levels (400 and 800 ppm). The molten metal was stirred 5 min after metal treatment and the holding
time between stirring and pouring stages was 20 min. The measured Ti and B contents in alloys
refined by Al-5Ti-1B were similar to the target values; however, while the measured B level in
alloys refined by Al-5B was lower than the target concentrations, the Ti, V and Zr levels in the
alloys refined by Al-5B dropped to zero. This is due to the formation and then removal of cluster
of diborides (TiB2, ZrB; and VB,) via settlement. Average SDAS in the investigated specimens
extracted from large- and small-diameter moulds were about 60 and 20 um, respectively.

Figure 25. Schematic section of the steel mould [126].

2.3.1.4. Phase IV — Solidification processing and microstructural evolution of
secondary Al-Si-Cu-Mg alloys: role of Zr, V and Ni additions

The effect of individual and combined Zr, V and Ni additions on solidification path and
microstructural evolution of secondary Al-7Si-3Cu-0.3Mg alloy were investigated using
microscopy and thermal analysis techniques. Schematic illustration of thermal analysis set-up is
shown in Figure 23. The chemical composition of alloy used as the base material in this study is
presented in Table 4. Table 5 lists the concentration of Ni, V and Zr obtained in the studied alloys.
Ceramic crucible (SiC) was used to melt the material in an electrical (muffle) furnace at 760 °C.
After complete dissolution, the melt was stirred and surface-skimmed to remove the dross,
followed by pouring the melt into the boron nitride-coated cylindrical steel cup preheated to 700
°C. The Al-10Zr, Al-10V and Al-25Ni master alloys were used to increase the concentrations of
Zr, V and Ni, respectively, in secondary Al-7Si-3Cu-0.3Mg alloy. Average SDAS value in the
resulting microstructure near the tip of thermocouple was about 60 um in all studied alloys.

Table 4. Chemical composition of the base alloy (wt. %).
Alloy Si Fe Cu Mn Mg Zn Cr Ni Ti V Zr Al
Al-7Si-3Cu-0.3Mg 7.68 0.44 3.02 0.23 0.31 0.78 0.04 0.02 0.1 0.01 0.01 bal
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Table S. The achieved Ni, V and Zr contents in the alloys prepared for this study (wt. %).

Alloys
Blem. 7SI 3Cu03Mg) ATV AINLY AtZr AZLY AINI ATNiZr ANV Zr
Ni 0.25 025 025 0.25
v 025 025 0.25 0.25
Zr 0.2 012 0.12 0.12

2.3.1.5. Phase V — Microstructural evolution and tensile properties of secondary Al-
Si-Cu-Mg alloys: role of Zr and V additions

In this research phase, the effects of Zr and V microalloying additions and heat treatment on the
microstructure and mechanical properties of secondary Al-7Si-3Cu-0.3Mg alloy were
investigated. Table 6 lists the chemical composition of the alloys investigated in this study.
Hereafter, the new alloy prepared for this study is referred to as a (Zr/V-) modified alloy. The
melting of the base alloy ingots was conducted in an electrical-resistance furnace at 760 °C. The
Al-10Zr and Al-10V master alloys were added to the melt to increase Zr and V contents. The melt
was stirred, and surface skimmed 15 min prior to pour. A steel mould was used to produce castings
(see Figure 26 for the 3D CAD design of casting). The boron nitride was used to coat the mould
inner surfaces. The temperature was monitored by means of thermocouples embedded in the die
to insure a good reproducibility of the tests. The working temperature of the die was in the range
of 390-450°C. Average SDAS value at the cross section of tensile specimen gauge length was ~15
pm.

Figure 26. Tensile test casting CAD 3D geometry.

Table 6. The chemical composition of the base and Zr/V-modified alloys (wt. %).
Alloytype Si Fe Cu Mn Mg Zn Cr Ni Ti Pb \% Zr Al
Base 7.8 046 3.1 023 03 078 0.040 0.02 0.1 0.03 0.01 0.0l bal
Modified 7.6 045 3.0 022 03 076 0.037 0.02 0.1 0.03 0.30 0.15 bal

2.3.2. Heat treatment

The age-hardening heat treatment (T6 state) of some selected tensile test bars (research phase V)
was performed in an air-circulating furnace; the solution heat treatment was performed at 485 °C
for 24 h and then quenched in water at room temperature, followed by aging at 180 °C for 8 hours.
The temperature for solution heat treatment was selected based on the results from differential
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scanning calorimetry (DSC) analyses performed in research phase IV. Longer solutionizing time
was applied to enable the precipitation reactions involving Zr and V inside a-Al matrix [107].

2.3.3. Sample preparation
2.3.3.1. Thermal analysis

For DSC measurements performed in research phase IV, cylindrical-shaped discs weighing
about 35 mg were drawn from the specimens produced for chemical composition analyses.

2.3.3.2. Microstructural analysis

Thermal analysis (Figure 23) samples were cut through the central axis. Samples for macro- and
microstructural investigations were sectioned near the tip of the thermocouples to correlate the
solidification parameters obtained from thermal analysis with the metallographic observations.
Samples for microstructural investigations of cylindrical-shaped small-diameter castings (Figure
25) were sectioned at 25 mm from the bottom surface.

Step castings (Figure 24b) were halved along the main axis and the specimens representing the
central part of each step was extracted for microstructural analyses.

Samples for microstructural analyses of tensile test bars (Figure 26) representing the base and
Zr/V-modified alloys both in the as-cast and heat-treated states were sectioned from the cross-
section of the gauge length.

The specimens obtained were mounted, grinded and polished following the standard techniques.

2.3.3.3. Tensile testing

All the as-cast and heat-treated tensile test bars were machined to produce specimens with the total
length of 175 mm, a gauge length of 65 mm, and a diameter of 10 mm.

2.3.4. Characterization methods

2.3.4.1. Solidification path

The traditional thermal analysis and differential scanning calorimetry (DSC) were used for thermal
analysis studies.

In case of traditional thermal analysis (see Figure 23), K-type thermocouples fixed at the lid of the
cup and covered with tightly fitting steel tubes, were inserted into the melt on the central axis at
depth of 30 mm. The temperature and time were collected by means of the data acquisition system
with a sampling rate of 0.25 s!, analog-to-digital converter accuracy of 0.1°C, and connected to a
personal computer. The system was given to cool in air and gave a cooling rate of 0.17 = 0.1 °C/s
in the solidification interval. For each set of temperature/time relations in the centre of the sample,
the cooling curves and the corresponding derivative curves were plotted to determine the
characteristic temperatures related to the formation of phases based on the first derivative cooling
curve approach [127]. Figure 27 and Table 7 show the definition method and the description of
thermal analysis parameters, respectively, used in the present work.



Development and characterization of a new generation of transition elements based secondary Al-Si-Cu-Mg foundry alloys

) T T T T T T T T 5 ! 1 0.3 0
640 0.4 >e10Ly g g o
i1 = &
3 = ©
¥~ . g >
600 [ Al-Si Cu-rich = £ H
e arAl™., phases | o o N
0 s 3 3
5960 | [N T, % g 79 5
o - P
g 520 e -0.4 g £ 3
= 3t o %

_ Y S w0 w0 a w03
I Cooling curve T R i 3103 @
; <5 e
Cooling rate ¢ 6@ s 510 0o <
e I & T 5 T 3 I% § s 03 5
0 200 400 600 800 5 ] Jos 2
- « =] (&]

Cooling time (s) L e
(a) (b)

Figure 27. (a) Cooling curve and first derivative of Al-7Si-3Cu-0.3Mg alloy indicating three main phase reactions,
(b) magnified plots of three phase reactions showing the method used to determine the characteristic points, such as
TNuc, TGrowths TMin and TSolidus-

Table 7. Definition of the characteristic temperatures from Figure 27.

Symbol Description

T e Nucleation temperature of a phase, such as a-Al, Al-Si eutectic and Al-Cu
eutectic

Toin Minimum temperature of a phase, such as a-Al, Al-Si eutectic and Al-Cu
eutectic; latent heat amount balances the heat amount of the system

Terowth Growth temperature of a phase, such as a-Al, Al-Si eutectic and Al-Cu eutectic

Tne The difference between the nucleation and growth temperatures (Tng = Tnuc-
Tgrowth)

Trec Recalescence undercooling of a phase, such as a-Al and Al-Si eutectic
(Trec:TgTowlh'Tlnin)

Tsolidus Solidus temperature; marks the end of the solidification

The DSC measurements were carried out in a dynamic argon atmosphere (70 mL min™') by using
a Setaram Labsys Evo equipment. The cell was heated up to 760 C at 5 °C/min and then
equilibrated at this temperature for 15 min before cooling at 5 °C/min to room temperature.

2.3.4.2. Microstructure

Optical microscope (OM), scanning electron microscope (SEM) equipped with energy-dispersive
(EDS), wavelength-dispersive spectrometers (WDS) and electron backscattered diffraction
(EBSD) and transmission electron microscopy (TEM) equipped with EDS were used to
characterize the type and morphology of the phases precipitated during solidification and heat
treatment of studied alloys.

Some microstructural features, such as the size and morphology of Si particles and Fe-rich
compounds, were quantitatively analysed using an image analyser. Several micrographs were
captured from each specimen to obtain a statistical average of the analysed parameters.

To quantitatively calculate the grain size, the polished specimens were etched in concentrated
Keller’s reagent (7.5 ml HNOs, 2.5 ml HF, 5 ml HCI and 35 ml H>O). The grain size was measured
using the intercept method, according to the ASTM standard E112-12 [129]. To highlight Fe-rich
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compounds in the microstructure, the surfaces of some samples were etched in a mixture of H.O
and H2SOs, preheated to 70 °C.

2.3.4.3. Tensile properties

The tensile tests were conducted at MTS 810 tensile testing machine at a strain rate of 107> s !
The strain was measured using a 25-mm extensometer. The as-cast specimens were only tested at
room temperature (20 °C), whereas the heat-treated specimens were tested at both room (20 °C)
and high temperatures (200 and 300 °C). For the cases of high-temperature tests, the tensile
specimens were held at testing temperature for 30 min before starting the test. At least four tensile
tests were conducted for each condition. Experimental data were collected and processed to
provide yield strength (Y'S), ultimate tensile strength (UTS) and elongation to failure (% El).
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3. SUMMARY OF RESULTS AND
DISCUSSION

CHAPTER INTRODUCTION
This chapter presents and summarizes main results of this work. More detailed discussion of the

findings is provided in the appended Supplements. Each Supplement addresses the research
questions posed to various degrees. This chapter comprises two research topics: (1) investigation
of the role of transition metal impurities in solidification path and microstructural evolution of
secondary Al-7Si-3Cu-0.3Mg alloys (phases I, II and III), and (2) investigation of the effects of
deliberate addition of some transition metals on solidification path, microstructural evolution and
mechanical properties of secondary Al-7Si-3Cu-0.3Mg alloys (phases IV and V).

3.1. Phase I — Grain refinement, eutectic modification and intermetallics formation in
secondary Al-Si-Cu-Mg alloys: role of transition metal impurities

In this research phase, metallographic and thermal analysis techniques were used to quantitatively
examine the macro- and microstructural changes occurring in secondary Al-7Si-3Cu-0.3Mg alloy
before and after the melt chemical treatment (modification with Al-10Sr and grain refinement by
Al-5Ti-1B) at various pouring temperatures (700, 750 and 800 °C).

3.1.1. Solidification path and general microstructure

Figure 28 shows the solidification path of untreated and treated Al-7Si-3Cu-0.3Mg alloy; three
different peaks associated with the formation of a-Al, Al-Si eutectic and Cu-rich phases (Al2Cu
and AlsSisCuxMgg) are revealed in the derivative curve of the untreated alloy (Figure 28a),
whereas, in addition to the above-mentioned phases, the a-Alis(FeMn);Si, reaction gave a rise of
a small peak in the first derivative of the treated alloy (see Figure 28b). The precipitation sequence
observed in this study agrees well with Refs. [10, 130]. Application of thermal analysis technique
to study the role of melt chemical treatment by AI-Ti-B and Al-Sr based master alloys in the
nucleation and growth of a-Al and Al-Si eutectic is well studied and the changes occurred in the
regions of a-Al and Al-Si eutectic formation in the cooling curves upon the melt chemical
treatment is in consistency with the literature [127, 131].

Figure 29 shows the typical microstructures observed in the studied alloys; in general, the
microstructures consist of a-Al matrix, eutectic Si network, Cu- and Fe-rich phases. It is worth
noting that, in addition to the observed eutectic modification and grain refinement, which are
discussed in detail in the following sections, the melt chemical treatment also rendered some
changes in the phases formation sequence during alloy solidification. Iron, which is present as an
impurity was bound to a-Alis(FeMn);Si> in untreated alloy, whereas the treated alloy
microstructure exhibits both a-Alis(FeMn)s;Si> and B-AlsFeSi phases. In addition, the flaky-like
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AlSiTi compounds were only observable in the microstructure of the treated alloy (see Figure 30).
Lack of the relative peaks in the cooling and derivative curves is likely due to the heat amount
generated during the formation of these phases, which is below the resolution limit of the thermal
analysis technique used [130, 131]. Since both AlSiTi and B-AlsFeSi are considered as deleterious
intermetallics [130, 132, 133], this research work contributed a great deal to characterize some
metallurgical parameters having an influence on the formation behaviour of these intermetallics.
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Figure 28. Cooling curves of (a) untreated and (b) treated Al-7Si-3Cu-0.3Mg alloy. The corresponding first
derivatives are plotted.
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3.1.2. a-Al grains refinement

Both macrostructural (Figure 31) and thermal (Figure 28) analyses confirm a notable grain
refinement achieved upon the addition of Al-5Ti-1B master alloy to the base alloy. With the Al-
5Ti-1B addition, the average grain size and the corresponding standard deviation decreased by
about 5 and 10 times, respectively (see Figure 32). In addition, it can be seen from Figure 32 that
the pouring temperature shows no apparent influence on grain refinement level in the present
experimental conditions. It is known from the literature how some transition metals, such as Zr
and V, can negatively affect the efficiency of Al-Ti-B based grain refiners due to their interaction
with TiB; or Al3Ti grain refining substrates, thus reducing their potency to nucleate a-Al [28, 29,
32, 134]. The deactivation of TiB; particles by Zr were found to be more evident at higher melt
holding temperatures, ~ 800 °C [29, 32]. However, in the present study, no evidence of the
poisoning effect of Zr on grain refining efficiency of AlI-5Ti-1B master alloys was observed. Since
the base (untreated) alloy contains low Zr concentration (~ 100 ppm), its interaction with TiB>
particles seems to be insignificant.

a)
Figure 31. Grain structure of (a) untreated and (b) treated Al-7Si-3Cu-0.3Mg alloys.
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Figure 32. The evolution of a-Al grains in untreated and treated Al-7Si-3Cu-0.3Mg alloys as a function of the pouring
temperature. The standard deviations are given as error bars.

However, in the present study, several transition metal impurities, such as Zr, V and Mn, showed
a tendency to accumulate into the primary AISiTi intermetallics (Figure 33). As noted earlier, the
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AlSiTi compounds appeared only in the microstructure of the treated alloy (Figure 29); the
precipitation of these deleterious intermetallic compounds are more likely promoted by the
increased Ti content (see Table 2) which exceeds its max solid solubility limit in the a-Al [135].
It has been recently stated that, in the presence of sufficient amount of Si and Ti in Al-Si alloy, the
interaction of Si with Ti can occur directly in the melt, forming AISiTi intermetallics [33].

r"l‘rﬂ.'

Figure 33. Backscattered electron image of AlSiTi and AlsFeSi particles with the corresponding EDS composition
maps, showing the distributions of Ti, V, Zr, Fe, Mn and Si elements.

Although the solubility of V and Zr into the AISiTi particles in Al-Si alloy containing Zr and V as
the alloying elements has been previously confirmed [136], the present study also revealed how,
in addition to impurity elements Zr and V, some Mn can also incorporate into AlSiTi particles
(Figure 33). It can be thus noted that transition metal impurities Zr, Mn and V tend to further
promote the formation of undesired AISiTi intermetallics in secondary Al alloys refined by Al-Ti-
B based master alloys. The precipitation of these primary compounds causes not only casting
defects formation due to their flaky-like morphology, but also reduction of the degree of
constitutional undercooling in front of growing a-Al; it is known that Ti possess the highest growth
restriction factor in Al. It can be thus inferred that the optimization of grain refiner addition level
in secondary Al foundry alloys, containing Ti, V and Zr as impurities, is more complicated than
the process optimization in primary alloys.

It has been recently reported [137] how V tends to dissolve into B-AlsFeSi phase, thereby showing
no apparent influence on the evolution of alloy grain structure; however, according to the findings
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of the present study, vanadium more preferentially accumulates into primary Ti-bearing
compounds than the B-AlsFeSi phase (Figure 33).

3.1.3. Al-Si eutectic modification

The characteristic temperatures related to the formation of eutectic Si were extracted using the
derivatives and cooling curves and compared between untreated and treated alloys, processed at
different melt superheats (see Figure 34a). Varying the pouring temperature showed no influence
on the eutectic reaction of untreated alloy, e.g. Tgown remained almost constant around 566 °C
(see Figure 34a). Depression of the eutectic formation temperature observed in the treated alloy
(see Figure 34a) is an indication of the eutectic Si structure modification [138], which was also
verified by the microstructural investigation of the size and morphology of eutectic Si particles
(see Figure 34b). A slight increase in the nucleation and minimum temperatures of the eutectic
reaction with increasing the pouring temperature in treated Al-7Si-3Cu-0.3Mg alloy (see Figure
34a) is due to Sr fading in the molten bath as melt oxidation occurs upon prolonged holding time
at higher temperature.

It has been reported that some trace elements such as Bi and B can induce a negative impact on
the efficiency of Sr modification [139-141]. However, low content of trace elements present in the
base alloy seems to result in no interactions of trace elements, such as B and Bi with Sr [142, 143].
Moreover, transition metal impurities present in the base alloy showed no impact on the occurrence
of eutectic reaction in the present study.
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Figure 34. (a) The solidification characteristics of eutectic Si over different pouring temperatures and chemical
treatment level; (b) evolution of average roundness and equivalent diameter of eutectic Si particles as function of
pouring temperature and chemical treatment.

3.2. Phase II — Fe-rich intermetallics in secondary Al-Si-Cu-Mg alloys: role of Al-5Ti-1B
grain refiner

In this research phase, thermal and metallographic analysis techniques were used to investigate the
influence of Al-5Ti-1B and Al-10Ti grain refiner additions on the precipitation of Fe-rich
compounds in secondary Al-7Si-3Cu-0.3Mg alloys. In addition, step casting (see Figure 26)
production route was employed to investigate the influence of cooling rate on the formation of Fe-
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rich compounds in secondary Al-7Si-3Cu-0.3Mg alloy, before and after grain refinement with Al-
5Ti-1B.

3.2.1. Thermal analysis

Figure 35 shows the cooling curves and corresponding first derivatives of the studied alloys in the
region of primary a-Al formation. The recalescence, which has been effectively used to assess the
grain refinement level [144], clearly indicates higher grain refining efficiency of Al-5Ti-1B
compared to that of AI-10Ti master alloys [145].
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Figure 35. Cooling curves of Al-7Si-3Cu-0.3Mg alloy (a) before the grain refinement, after addition of (b) Al-10Ti
and (c) Al-5Ti-1B grain refiners. The corresponding first derivatives are also presented.

Typical microstructures obtained from Al-7Si-3Cu-0.3Mg alloy with different melt chemical
treatment levels are shown in Figure 36. In all the studied alloys, the a-Alis(FeMn)3Si» appears as
a dominant Fe-rich phase in the microstructure. Needle-like B-AlsFeSi particles appeared only in
the microstructure of the alloy refined by Al-5Ti-1B master alloy (Figure 36¢). No B-AlsFeSi
reaction was detected in the base alloy and the alloy refined by Al-10Ti master alloys.

The derivative curve related to the alloy refined by Al-5Ti-1B exhibits a small peak indicated by
arrow in Figure 35c; this peak is thought to be the consequence of a-Fe reaction. Since the growth
of primary a-Al takes longer time in non-grain-refined alloy and the alloy refined by Al-10Ti, as
compared to the alloy refined by Al-5Ti-1B, the peak indicating the formation of a-Alis(FeMn)3;Siz
in the two former alloys can be overlapped by the neighbouring peak representing primary a-Al
formation. The precipitation of B-AlsFeSi has been reported to occur mainly by two sequences: (1)
pre-eutectic i.e. prior to the (Al)-Si eutectic reaction, in the form of two phases (Al)- AloFe>Sis
eutectic reaction, and (2) co- or post (Al)-Si eutectic in the form of three phases (Al)-Si-AloFe;Si>
eutectic reaction [146]. Simplified Al-Si-Fe-Mn phase diagram (see Figure 37) suggests the
occurrence of both pre-eutectic and co-eutectic reactions involving B-AlsFeSi in the presently
studied alloys. However, as f-AlsFeSi formation occurred only in the Al-7Si-3Cu-0.3Mg alloy
refined by Al-5Ti-1B and remained unfavourable during solidification of both non-refined alloy
and the alloy refined with Al-10Ti, it is thus believed that some metastable a-Fe continues to form
in preference to B-AlsFeSi phase during solidification of non-refined alloy and the alloy grain
refined by Al-10Ti. The fact that the occurrence of B-AlsFeSi reaction during solidification of the
base alloy and the alloy refined by Al-10Ti remained unfavourable, can be due to absence of potent
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nucleation site in the melt, which in turn, leads to a greater melt undercooling for the nucleation
of B-AlsFeSi phase to occur; however, before certain solid particle in the interdendritic liquid
region becomes active for f-AlsFeSi phase nucleation during solidification, the nucleation of
metastable a-Alis(FeMn)s3Si> seems to occur more easily. It has been stated that several particles
such as AlO3 and AlsTi particles can act as nucleation sites for the formation of a-Fe phase [124].
The present study revealed that a-Alis(FeMn)3Si> phase can also nucleate on primary AlSiTi
compounds (see Figure 38).
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Development and characterization of a new generation of transition elements based secondary Al-Si-Cu-Mg foundry alloys

%
w

b &

Figure 38. Optical micrograph showing the a-Al;s(FeMn);Si; phase precipitated on the surface of AISiTi particles.
The sample surface is etched for easy visualisation.

3.2.2. Influence of cooling rate

The cooling rates in the different steps of the casting (Figure 24) were estimated by the secondary
dendrite arm spacing, SDAS, according to the empirical equation (2) [147]:

SDAS = 39.4R™0:317 )

where R represents the mean cooling rate of the primary a-Al dendrites during solidification. Table
8 lists the average SDAS values with corresponding standard deviations and the estimated cooling
rates.

Table 8. Average secondary dendrite arm spacing, SDAS, measured in different steps (with corresponding standard
deviations) and the corresponding cooling rates calculated according to equation (2) are reported.

Step thickness (mm) SDAS (um) Cooling rate (°C/s)

5 18 (2.5) 11.8
10 23 (3.4) 5.1
15 25 (3.9) 4.1
20 31 (4.8) 2.1

Typical microstructures representing non-refined alloy are shown in Figure 39ab; a-
Alis(FeMn)3Siz accounts for the major portion of Fe-rich phases, competing only with a small-
sized m-AlgMgsFeSis particles in limited numbers. The [-AlsFeSi formation remained
unfavourable during solidification of non-refined alloy, regardless of cooling rate (Figure 39a,b).

Figure 39c,d display typical microstructures observed in the alloy refined by Al-5Ti-1B master
alloy. It is clearly evident from Figure 39 that after the grain refinement, the formation of B-AlsFeSi
phase becomes favourable and both a-Alis(FeMn);Si> and B-AlsFeSi phases formed during alloy
solidification, which agrees with the results of thermal analysis samples in terms of the
precipitation sequence of Fe-rich phases during solidification (Figure 36). However, it is worth
noting that at high cooling rates i.e. in the microstructures from the step casting, the fraction of
needle-like B-AlsFeSi compounds was increased at the expense of a-Alis(FeMn);Siz phase, i.e.
more amount of Fe was involved in the formation of B-AlsFeSi if compared to the microstructure
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representing thermal analysis samples. This is inconsistent with Refs. [60-63], where it has been
reported that higher cooling rate can exert positive influence on B-AlsFeSi to a-Alis(FeMn)3;Siz
transformation; on the contrary, higher cooling rates (~ 12 °C), in the present study, favoured the
crystallization of B-AlsFeSi over a-Alis(FeMn)s;Si> phase. It is thus can be noted that grain
refinement of secondary Al alloys can exert a notable influence on the precipitation kinetics of Fe-
rich phases.

b i — l | [ |

Figure 39. BSE imags taken from (a,c) 5 mm and (b,d) 20 mm steps of step casting. The micrographs corresponds
to (a,b) non-grain refined alloy and (c,d) grain refined alloy with Al-5Ti-1B.

Higher cooling rate reduced the average length of B-AlsFeSi particles (Figure 40a), also
accompanied by the increased number density (Figure 40b). Similar findings have been reported
in Ref. [57], where increasing the cooling rate is found to displace the nucleation temperature of
B-AlsFeSi to lower temperatures, hence shortening the time available for the growth of B-AlsFeSi.
Moreover, it is also well-known that the cooling rate can control the nucleation and growth
processes, thus affecting both the number density and the size of microstructural features, such as
B-AlsFeSi particles [64, 65].
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Figure 40. BSE image of AlsFeSi particles with corresponding WDS composition maps, showing the distributions of
Ti and B elements.

3.2.3. Precipitation of B-AlsFeSi particles

Since needle-like B-AlsFeSi compounds are known to degrade material mechanical properties,
suppressing B-AlsFeSi reaction by promoting the crystallization of less-deleterious o-
Alis(FeMn)s;Si> phase during alloy solidification is a well-diffused practice in Al foundries and
this is normally achieved by adding Mn in the level of about half of Fe content. Hwang et al. [148]
stated that in the presence of sufficient Mn amounts in Al-Si alloy, the B-AlsFeSi formation can
be completely suppressed; on the contrary, it has been also reported how even high Mn addition
levels yield incomplete B-AlsFeSi to a-Alis(FeMn)s3Siz transformation [60]. It is thus worthy to
note that in addition to the ratio between Fe and Mn contents in the alloy, the nucleation and growth
kinetics of the phases, such as a-Fe and B-AlsFeSi, can play a decisive role in promoting the
formation of a certain phase during alloy solidification.

The present study revealed that the precipitation of B-AlsFeSi particles occurs only after the grain
refinement of Al-7Si-3Cu-0.3Mg alloy by Al-5Ti-1B. Although according to phase diagram
presented in Figure 37, the precipitation of B-AlsFeSi during solidification of the alloy is also
expectable, no evidence of B-AlsFeSi formation was observed in non-grain-refined alloy and the
alloy refined with Al-10Ti.

The nucleation of Fe-rich phases, particularly B-AlsFeSi phase is generally thought to take place
on AlO3 and/or AIP particles, which are normally present in Al alloys, particularly in secondary
materials [41, 57, 149, 150], however, these phases appear not to favour the nucleation of f-
AlsFeSi phase during solidification of the base material in the present investigation conditions.
The a-Alis(FeMn)3;Si, phase has a non-faceted growth mode, which allows the a-Alis(FeMn)s3Siz
phase to grow more easily in irregular shape [10]. On the contrary, the growth of B-AlsFeSi phase
occurs by the twin plane re-entrant (TPRE) mechanism in a lateral or faceted mode and contains
multiple (001) growth twins parallel to the growth direction [51, 52], and thus, there is no need to
nucleate a new plane. A high lateral growth rate of -AlsFeSi phase has been recently observed by
means of in situ microtomography using high-energy X-rays synchrotron [130, 150]. The growth
disadvantage of the faceted over non-faceted phases can be explained by the difficulty in atomic
attachment in former case. In other words, at high cooling rates, and hence reduced time for
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growth, a greater degree of undercooling is required to overcome the barrier to atomic attachment
to (and hence growth of) the faceted phase than to the non-faceted morphology [151]. Therefore,
increasing the cooling rate is reported to promote the formation of a metastable a-Alis(FeMn)3;Siz
phase at the expense of stable B-AlsFeSi particles [10], which agrees well with Ref. [151], where
it has been demonstrated how the faceted Al¢Fe phase can be replaced by non-faceted AlsFe at
higher solidification front velocities. However, this behaviour seems to be relevant in the case
when there is a competition between the growth rates of two phases. However, for the competitive
growth theory to become applicable, both the stable and metastable phases must nucleate easily.
Considering that in the present study, the B-AlsFeSi phase dominates at high cooling rates of the
alloy grain refined by Al-5Ti-1B, as can be observed by comparing Figure 36¢ with Figure 39¢,d
it can be thus noted that the role of the competitive nucleation is more relevant than the competitive
growth theory in understanding non-equilibrium solidification of the investigated alloys.

The lack of B-AlsFeSi reaction during solidification of the base alloy can be explained by a greater
undercooling needed for the nucleation of B-AlsFeSi phase; in contrast, the nucleation of a-Fe
seems to occur more easily on certain substrate in the undercooled melt, and thus the formation of
some metastable a-Fe remains still favourable for nucleation and growth, thus avoiding the
precipitation of B-AlsFeSi in the microstructure. In other words, once the segregation line,
presented in Figure 37, reaches line 2a, a-Alis(FeMn)3;Si> phase becomes thermodynamically
stable phase and continues to form until the segregation line crosses the line 2b, where the
precipitation of both a-Alis(FeMn);Si; and B-AlsFeSi is expected to occur; however, due to lack
of a potent nucleation site for B-AlsFeSi, nucleation of stable and even some metastable a-Fe seems
to occur more easily.

In contrast, solidification of the alloy refined with Al-5Ti-1B proceeds by involving both a-
Alis(FeMn)s;Si> and B-AlsFeSi reactions. This suggests the melt contains certain particles which
facilitate nucleation of B-AlsFeSi at low undercooling. The TiB: particles released into the melt
upon the addition of Al-5Ti-1B master alloys, are known to act as heterogeneous nucleation for a-
Al and thus play an important role in grain refinement of Al alloys [152]. However, the majority
of TiB» particles added into the melt does not contribute to the nucleation of a-Al grains, and, as
a result, these particles can be pushed to interdendritic liquid, where they can be active to nucleate
certain eutectic phases. The EDS and WDS investigations also revealed the presence of TiB»
particles adjacent to B-AlsFeSi compounds (Figure 41 and Figure 42). It is, therefore, proposed
that the TiB; particles promoted the crystallization of B-AlsFeSi over a-Alis(FeMn)3;Siz> by acting
as potent nucleation site. Sha et al. [153], demonstrated by using transmission electron microscopy
(TEM) how TiB> can nucleate B-AlsFeSi in 6xxx series wrought Al alloys due to low lattice
mismatch. Similar results have also been reported in Ref. [154]. This finding could also explain
why the addition of Al-Ti-B grain refiner caused a thickening of B-AlsFeSi, as reported in Ref.
[68], and precipitation of B-AlsFeSi at earlier stages of solidification [136]. The TiB, seems to
promote the nucleation of B-AlsFeSi without any need for greater undercooling, and as a result,
thickening and branching of B-AlsFeSi occurs due to the increased solidification range of [-
AlsFeSi.

The chemical compositions of a-Alis(FeMn)3Si> and B-AlsFeSi phases, analysed by EDS, are
presented in Table 9; it is evident that Mn has also a strong solubility in f-AlsFeSi phase, indicating
that the local chemistry is favourable for the occurrence of both a-Alis(FeMn);Siz and B-AlsFeSi
reactions.
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Table 9. Average EDS results of a-Alis(FeMn)3Si, and B-AlsFeSi phases (at.%).

Alloy Al Si Fe Mn Cr Cu
a-Alis(FeMn);Si, 73 11 11 2 0.14 bal.
B-AlsFeSi 70 17 10 1 - bal

Figure 41. Backscattered electron image of B-AlsFeSi phase with corresponding EDS composition maps, showing
the distributions of Al, Fe, Mn, Si and Ti elements.

-

Figure 42. Backscattered electron image of f-AlsFeSi particles with corresponding WDS composition maps,

showing the distributions of Ti and B elements.

Another interesting finding of this study is the impact of higher cooling rate in further promoting
the precipitation of B-AlsFeSi phase at the expense of a-Fe in the alloy grain refined with Al-5Ti-
1B. Higher cooling rate tends to further promote -AlsFeSi formation in the material refined with
Al-5Ti-1B; B-AlsFeSi needles become the dominant Fe-rich phase largely replacing ao-
Alis(FeMn)3Siz in the microstructure. Greater thermal undercooling provided by higher cooling
rates causes the solidification to quickly proceed through the line 2a (see Figure 37), thus involving
only a small amount of Fe in the crystallization of a-Alis(FeMn)sSi> phase. As a result, the
remaining Fe in liquid region beocmes available to solidify through the line 2b, where the
precipitation of B-AlsFeSi compounds occurs more favourably due to the presence of potent
substrates, TiB», for their nucleation. A similar observation has been reported in Ref. [66], where
the B-AlsFeSi has been found to nucleate more efficiently on TiB: particles in the alloy containing
higher solute concentrations, in contrast to the alloys with less alloying elements, where the TiB:
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appears to be inactive for B-AlsFeSi nucleation. This behaviour shows the role of constitutional
undercooling in improving the potency of the nucleation sites.

3.3. Phase III — Fe-rich intermetallics in secondary Al-Si-Cu-Mg alloys: a comparison of
the roles of Al-5Ti-1B and Al-5B grain refiners

In this research phase, two different castings: (1) cylindrical-shaped castings (SDAS ~20 um) (see
Figure 25) and (2) cup castings (SDAS ~60 um) of thermal analysis (see Figure 23), were produced
to analyse and compare the effects of adding varying levels of Al-B and Al-Ti-B based grain
refining master alloys and the cooling rate on the solidification of Fe-rich intermetallic phases.

3.3.1. Grain refinement with Al-5Ti-1B master alloy
Table 10 lists the average grain size measured in the studied alloys; greater Ti and B levels induced

more effective grain refinement [14].

Table 10. Average grain size and corresponding standard deviation (in mm) measured in base alloy (0 ppm B) and
after metal treatment with Al-5Ti-1B (40 and 80 ppm B) and Al-5B (400 and 800 ppm).

Alloy Base alloy Base alloy + Al-5Ti-1B Base alloy + Al-5B
B content (ppm) 0 40 80 400 800
Grain size (mm) 2.1(0.8) 0.6(0.2) 044(0.1) 0.8(0.2) 0.41(0.1)
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Figure 43. Typical microstructures representing (a,c) the base alloy and (b,d) the alloy reﬁned with Al-5Ti-1B (80
ppm B). The micrographs correspond to specimens produced with (a,b) large-diameter mould (60 um SDAS) and
(c,d) small-diameter mould (20 um SDAS). The samples were etched to highlight Fe-rich compounds.
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In the previous research phase (see Section 3.2), it has been demonstrated how the addition of Al-
5Ti-1B grain refiner (170 ppm B) induces the precipitation of deleterious B-AlsFeSi compounds
at the expense of a-Alis(FeMn)s;Siz> phase. The results of the present investigations indicate that
the grain refinement of Al alloy by Al-5Ti-1B master alloy at even low addition levels can induce
and promote the formation of B-AlsFeSi phase (Figure 43). It is also found that increasing Al-5Ti-
1B grain refiner addition level enhances the nucleation rate of B-AlsFeSi particles (Table 11).
Consistent with results of the previous research phase, higher cooling rate (SDAS ~ 20 um) further
promoted the B-AlsFeSi formation during solidification of the alloy refined by Al-5Ti-1B (Table
11). It is also worth noting that higher cooling rate shows a significant influence on the activation
of B-AlsFeSi phase nucleation in the alloy refined by Al-5Ti-1B.

Table 11. Average area fraction (%) of B-AlsFeSi phase observed in the base alloy (0 ppm B) and after grain refinement
with Al-5Ti-1B (40 and 80 ppm B) and Al-5B (400 and 800 ppm), cast in large-diameter (60 pm SDAS) and small-
diameter (20 um SDAS) moulds.

Alloy Base alloy  Base alloy + AI-5Ti-1B Base alloy + Al-5B
B content (ppm) 0 40 80 400 800
SDAS ~ 60 - 0.15 0.2 - -
SDAS ~20 - 0.31 0.47 - -

- Not revealed from optical microscopy analysis
3.3.2. Grain refinement with Al-5B

Table 10 clearly indicates how Al-5B grain refiner (800 ppm B) exerts a demonstrable role in refining
the grain structure of the alloy and the average grain size achieved by Al-5B addition is notably
comparable with that obtained upon Al-5Ti-1B grain refiner addition. It must be also noted that the
presence of some transition metals, such as Ti, Zr and V, which are present in the base alloy as trace
elements (impurities) leads to the consumption of some B amount to form transition metal diborides
(TiB2, ZrB; and VB,) directly in the melt. In-situ formation of these diborides in the melt also leads
to their clustering, which then leads to their rapid removal from the melt via settlement. Formation of
these transition metal diborides is more favourable than AIB2 due to their lower free energy [155].
Therefore, effective grain refinement of secondary Al alloys by Al-B based master alloys is only
achievable upon the addition of sufficient amount of Al-B master alloy which releases enough B
amount for effective grain refinement, in addition to those involved in the formation of transition
metal diborides [156]. In the present study, adding 400 ppm B resulted in relatively poor grain
refinement level (see Table 10); boron released into the melt appears to be mainly bound to transition
metal diborides and thus lesser amount of B remains available for the formation of AlB: necessary
for alloy grain refinement. In contrast, adding 800 ppm B effectively refined the grain structure of the
alloy, occurring in addition to the complete removal of transition metal diborides from the melt via
settlement.

Typical microstructures representing the alloy refined by Al-5B master alloy and solidified at two
different rates are shown in Figure 44. It is evident that a-Alis(FeMn)3Si> appears to be again as a
sole Fe-rich phase in the microstructure regardless of the cooling rate. This implies that unlike Al-
5Ti-1B master alloy, the Al-5B grain refiner tends not to promote the formation of B-AlsFeSi phase
during alloy solidification. To be more exact, the AlB: particles forming during solidification and
contributing to the alloy grain refinement appear to be kinetically inactive to nucleate B-AlsFeSi, even
though AlB: is isomorphous with TiB». This can be due to either larger lattice mismatch between

4
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AlIB> and B-AlsFeSi or the formation of an Al overlay or else on the AlB> compounds, thus
deactivating the nucleation of B-AlsFeSi. The formation of SiBs [31] and Al [157] layers on AlB>
have been reported in the literature to explain the mechanisms responsible for the grain refinement of
Al-Si alloys with Al-B master alloys.
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F igure 44. Typlcal m1crostructures of alloy refined w1th Al-5B (800 ppm B), and cast in (a) large diameter mould (60
pm SDAS) and (b) small diameter mould (20 pm SDAS). The samples were etched to highlight Fe-rich compounds.

3.4. Phase IV — Solidification processing and microstructural evolution of secondary Al-Si-
Cu-Mg alloys: role of Zr, V and Ni additions

The effects of individual and combined Zr, V and Ni (0.12, 0.25 and 0.25 wt.% respectively) additions
on solidification path and microstructural evolution of secondary Al-7Si-3Cu-0.3Mg alloy with
SDAS of ~ 60 um were investigated using microscopy and thermal analysis techniques.

3.4.1. Thermal Analysis

Figure 45 shows the cooling curves and the associated first derivatives related to Al-7Si-3Cu-0.3Mg
and Al-7Si1-3Cu-0.3Mg+N1,V,Zr alloys. Formation of several phases, such as a-Al, eutectic Si and
Cu-rich compounds, gave rise to the evident peaks during thermal analysis, which is consistent with
Reference [10]. Adding alloying elements Ni, V and Zr individually or in combination altered the
formation temperatures of primary a-Al and post-eutectic Cu-rich compounds. Although the
formation of phases containing Ni, V and Zr is expectable during solidification [106, 107], the cooling
curves and the associated first derivatives of the studied alloys revealed no peak related to their
formation, which can be due to a limited fraction of Ni/V/Zr-rich phases forming during
solidification.

In comparison, the heating and cooling traces obtained from the DSC measurements revealed an
additional peak occurring due to post-eutectic reaction only in Ni-added alloys (see Figure 45b); thus,
this can be described by the formation of Ni-rich intermetallic compounds [106]. The formation
temperatures of the main phases, such as a-Al, Al-Si eutectic and Cu-rich compounds are also
observable in the heating and cooling traces obtained from the DSC measurements (see Figure 45b).
Like traditional thermal analysis, comparison of the cooling curves of the studied alloys obtained
from the DSC measurements also confirmed how adding Ni, V and Zr induces changes in the
precipitation kinetics of primary a-Al and the Cu-rich compounds.
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Figure 45. (a) Cooling curves and corresponding first derivatives obtained from thermal analysis of Al-7Si-3Cu-0.3Mg
alloy before and after 0.25% Ni, 0.25% V and 0.12% Zr additions; (b) heating and cooling DSC curves obtained from the
same alloys.

Comparison of the cooling traces related to primary o-Al reaction and obtained from the DSC
measurements of the studied alloys (see Figure 46) indicate that while Ni addition exerted no apparent
influence, adding Zr and V individually or in combination shifted the formation temperature of a-Al
towards higher temperatures, which can be attributed to the peritectic nature of added transition
metals. As can be seen in Figure 46 and Table 12, the liquidus temperature, Tiiq, which is determined
from the extrapolated finish point of the endothermic peak on the heating curves of the studied alloys,
increases with Zr and/or V addition. The nucleation temperatures, Tnuc, of the studied alloys are also
determined from the extrapolated onset point of the exothermic peak on the cooling curves (see Figure
46) and listed in Table 12. The undercooling degrees, AT, required for the initiation of primary a-Al
in the studied alloys and calculated according to the equation (3)

AT = Tliq — Thuc 3)

where Tiiq 1s the liquidus temperature and Tnyc 1s the nucleation temperature, both determined from
the DSC heating and cooling curves respectively, are listed in Table 12. It can be seen from Table 12
that while Ni addition causes no apparent changes on AT, adding Zr and V individually or in
combination led to a reduction in AT value, particularly in Zr-added alloys. This implies that with the
addition of Zr and/or V, primary a-Al tends to nucleate more easily on certain substrate, which is
elaborated in detail in section 3.4.2.

Although Ni addition showed no impact on the formation of primary a-Al, it influenced the sequence
and kinetics of post-eutectic reactions. In addition to observed peak associated with the formation of
Ni-rich compounds during DSC analyses, the solidification reaction involving Cu-rich compounds
occurred at higher temperatures (see Figure 45).

48



Development and characterization of a new generation of transition elements based secondary Al-Si-Cu-Mg foundry alloys

€«
- cooling a-Al
N\

A

Exo.

\ Thuc

-
e
e e e e e

Base alloy +V

100

Base alloy + V,Ni

Base alloy
Base alloy + Ni

\Base alloy + Zr.V

___________________ \\ Base alloy + Ni,Zr,V
% Base alloy + Zr

Thuc~" " Base alloy + Ni Zr
T F ¢
lig __Basealloy + Ni,Zr

Heat flow, mW
o
T

/" Basealloy + Zr
T~~~ Basealloy + Ni,.Zr V|

\_ﬁ'—ase alloy + Zr,V]

e / H
~~—eee____~ Base alloy + Ni

/ Base alloy
Base alloy + V Ni

——x,//T/Base alloy +V

-100

I

!

I T
———————
——— s s

Endo.

Tiig heatin

. | L
570 580 590 600 610
Sample temperature, °C
Figure 46. Comparison of the cooling curves in the formation region of a-Al phase from all the experimental alloys.
Time-scale in the horizontal axis is adjusted for easy observation.

Table 12. Characteristic temperatures on DSC curves and the estimated nucleation undercooling of studied alloys (°C).

Alloys Tiiq, °C Thue, °C AT, °C
Base alloy 593.1 586.2 6.9
Base alloy + Ni 592.2 585.5 6.7
Base alloy + V 596.0 591.5 4.5
Base alloy + Ni, V 596.0 590.7 4.7
Base alloy + Zr 593.8 593.1 0.7
Base alloy + Zr, Ni 593.8 592.4 1.4
Base alloy + V, Zr 596.6 595.6 1.0
Base alloy + Ni, Zr, V 597.5 595.6 1.9
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3.4.2. Solidification macrostructure

Figure 47 shows the evolution of the grain structure in the studied alloys with different Zr and V
additions. It is evident from Figure 47 that varying the alloying addition levels influenced the
formation of a-Al grains. Both V and Zr additions contributed to the refinement of the grain structure,
reducing the average grain size from ~1200 pm in the base alloy to ~700 um in the alloy with
individual V or Zr addition. The combined V and Zr additions showed stronger grain refinement level
than the individual V or Zr additions; the average grain size was decreased to ~500 um.

Figure 47. Grain ;tmctures of Al-7Si-3Cu-0.3Mg alloy from thermal analysis test sections; the macrographs refer to (a)
the base alloy and after (b) 0.12% Zr, (c) 0.25% V, and (d) 0.12% Zr and 0.25% V additions.

It is known that adding Zr beyond its max solubility in a-Al matrix leads to the precipitation of
primary pro-peritectic particles prior to the formation of primary a-Al. Microstructural investigations
revealed that Zr-rich particle appearing inside a-Al grain (see Figure 48) only contains Zr and Al as
constituent elements (see Figure 48). Therefore, based on the EDS results (Figure 48) and the
equilibrium Al-Zr system (see Figure 11a), the particle appearing in the centre of a-Al grain is
believed to be the AlzZr phase, which has been found as potent nucleation site for the primary a-Al
[30, 97, 158]. A significant reduction in the degree of undercooling, AT, observed in Zr-added alloys
(Table 12) also indicates how these Zr-rich particles can effectively nucleate a-Al at lower
undercoolings. The mechanism of grain refinement by Zr addition in Al alloys is well discussed in
Reference [30]. Moreover, the presence of pro-peritectic Al3Zr within a-Al grain also implies that the
peritectic reaction remained incomplete during solidification due to relatively higher cooling rate than
the equilibrium condition.

Although V addition caused grain refinement of the alloy (see Figure 47), no any intradendritic V-
rich particle that would be responsible for the grain refinement was revealed in the present
investigation. According to the equilibrium AI-V system (see Figure 11b), several V-rich pro-
peritectic phases, such as Al»1V> and AlzV, are expected to precipitate [159]; both these V-rich
particles were found to possess low interfacial energy with a-Al [91]. However, the V-rich pro-
peritectic particles are more likely not forming during alloy solidification, which can be due to lower
V addition level to the base alloy or more preferential involvement of V in the formation of
(AlSi)2(VTiMn) and a-Alis(FeMn)3;Siz phases, as discussed in more detail in section 3.4.3. As both
(AlSi)2(VTiMn) and a-Alis(FeMn);Si2 compounds form by pre-eutectic reaction during alloy
solidification, the role of V is believed to be significant in enhancing the growth restriction factor
(Q), which is a parameter used to measure the effect of solute on grain refinement [21]

Q =mc,(k-1) 3)
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where m is the gradient of the liquidus, co is the alloy composition, & is the partitioning coefficient.
For multicomponent alloys, the Eq. 3 is extended to include the contribution of each alloying element
[22]. Although the concentration of V is quite low, 0.25 wt. %, the m(k — 1) factor is quite high in
comparison to the other elements such as Si, Mg, Cu, etc; hence, the presence of V in the alloy can
significantly contribute to constitutional undercooling of the liquid in the solidifying front, leading to
the activation of certain heterogeneous nuclei present in the liquid.

The effect of V on grain refinement of Al-Si alloys is disputed in the literature. While some researches
[160, 161] stated that V addition can markedly refine the grain structure of Al alloys, other
investigations [162, 163] revealed no apparent influence; the presence of Si in Al alloys is believed
to avoid the formation of pro-peritectic V-rich precipitate needed for effective grain refinement [163].
Considering the grain refinement attained in the present study upon V addition, it can be argued that
V addition can significantly contribute to restricting the growth of a-Al crystals and activating certain
solid particles to nucleate a-Al phase.

Further grain refinement level achieved upon combined Zr and V additions can be mainly attributable
to the increased number of potent nucleation sites due to the enrichment of V in Zr-rich particles (see
Figure 49).
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Figure 48. SEM image of Zr-rich phase in Al-7Si-3Cu-0.3Mg+Zr alloy with corresponding EDS line-scan, showing the
distributions of Ti, Si, V and Zr elements.
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Figure 49. SEM image of Zr-rich phase in Al-7Si-3Cu-0.3Mg + Zr,V alloy with corresponding EDS line-scan, showing
the distributions of Ti, Si, V and Zr elements.
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3.4.3. Solidification microstructure

In general, transition metals, such as Zr and V, are added to improve the material high-temperature
mechanical properties [84, 109, 110, 164]. Applying heat treatment promotes solid-state
transformation of phases involving Zr and V in a-Al grain interiors; the precipitates enriched with
slow-diffusers are thought to strengthen the material. However, their low diffusivity complicates both
homogenization of transition metals throughout microstructure and dissolution of primary,
interdendritic compounds containing transition metals into a-Al matrix during conventional heat
treatment; hence, the role of solidification microstructure in defining the alloy mechanical properties
is significant.

Figure 50 shows typical microstructures representing Al-7Si-3Cu-0.3Mg and Al-7Si-3Cu-
0.3Mg+Zr,V Ni alloys. The microstructure of the base alloy exhibits a-Al matrix, Al-Si eutectic,
ADLCu, AlsSigCuxMgg, Alis(FeMn)s;Si> phases (Figure 50a). Adding V, Zr and Ni to Al-7Si-3Cu-
0.3Mg alloy induced the formation of V-, Zr- and Ni-rich intermetallic compounds in addition to the
phases observed in the base material (Figure 50b).
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Figure 50. SEM micrographs obtained from (a) Al-7Si-3Cu-0.3Mg, and (b) Al-7Si-3Cu-0.3Mg+Ni,Zr,V alloys. The
different phases are indicated by arrows throughout.

In addition to some intradendritic Al;Zr particles (see Figure 48), interdendritic Al-Si-Zr-Ti
compounds (see Figure 51), which are referred as (AlSi);(TiVZr) phase in the literature [94], formed
during the early stage of solidification of Zr-added alloys; however, in the present study, V appears
to be slightly soluble in (AlSi1)3(TiVZr), reaching up to 0.5 at.% in the alloys with combined Zr and
V additions (see Figure 51). The (AlSi1)3(T1VZr) particles were scarce in the microstructure, appearing
with flaky morphology and in the size range of 15-70 pum. It has been reported how the Zr-rich
compounds appearing in the interdendritic regions with flaky morphology tend to deteriorate casting
soundness and alloy mechanical properties [18, 84, 110]. It can be thus inferred that the level of Zr
should not be too high than its max solid solubility in a-Al to avoid the formation of a large volume
fraction of insoluble and deleterious intermetallics.

Moreover, primary (AlSi)3(TiVZr) particles seem to act as the preferential nucleation sites for the
formation of a-Fe-rich compounds (see Figure 52). The AISiTi compounds, which are structurally
similar to (AlS1)3(TiVZr) phase, were also found as potent nucleation sites for a-Fe compounds (see
Figure 38). Although this observation may not contribute to the development of high-temperature
resistant Al alloy, it can allow us to enlarge our fundamental understanding of the role of
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heterogeneous nucleation in the formation of intermetallic compounds containing transition metal
impurities, e.g. Fe-rich phases during Al alloy solidification. As it is discussed in Sections 3.2 and
3.3, the role of heterogeneous nucleation appears to be significant in controlling the formation of Fe-
rich compounds in Al-Si alloys.

Figure 51. SEM micrograph showing an AlSiZrTi particle with the corresponding EDS spectra in the Zr-containing
alloy (Al-7Si-3Cu-0.3Mg+Zr).

Since primary, interdendritic Zr/V-rich compounds cannot easily dissolve into the a-Al matrix during
solution heat treatment due to low diffusivity of Zr and V in a-Al, the supersaturation of Zr and V in
solid solution of a-Al should be achieved during non-equilibrium solidification to maximize their
dispersion hardening effect. The distribution of Zr, V, Ti and Mn elements over the cross section of
a-Al grain observed in Al-7Si-3Cu-0.3Mg+Zr,V alloy is shown in Figure 53. The a-Al grain core
exhibits positive segregation of V and Ti, whilst another peritectic-forming element, Zr, appears to
be uniformly distributed across the a-Al grain (see Figure 53); this can be due to the involvement of
Zr in the formation of primary (AlSi)3(TiVZr) and AlzZr particles, which causes the remaining liquid
to become less-enriched with Zr. This clearly indicates how the dispersion hardening effect of Zr in
Al-Si alloys is limited; however, the V, Ti and Mn show higher solubility in a-Al matrix, which can
allow the solid-state precipitation of V/Ti-rich phases at relatively higher volume fractions, thus
contributing better to alloy strengthening.
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Figure 52. SEM micrograph showing the nucleation of Cu- and Fe-rich phases on (AlSi)3(ZrTi) particles.
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Figure 53. SEM image of a-Al grain in Al-7Si-3Cu-0.3Mg+Zr,V alloy with corresponding EDS line-scan, showing the

distributions of Zr, V, Ti and Mn elements.

As previously mentioned, pro-peritectic V-rich precipitates remained unfavourable to form during
solidification of V-added alloys. Excess V beyond saturation limit in a-Al matrix was involved in the
crystallisation of polyhedral-shaped (AlISi)2(VTiMn) phase, appearing in interdendritic regions with
the average size of ~15 um. This phase is rarely observable throughout the microstructure. The phase
is well indexed with hexagonal CrSi> (Figure 54), which is isomorphous with Si,V phase [165]. While
Al can easily substitute Si in this phase due to similarity in their atomic radius [166], the Cr, Mn and
Fe are more likely incorporating into SioV by substituting V. Enabling the solid-state precipitation of
a phase containing both V and Mn can be beneficial due to their opposite partitioning behaviour in
a-Al, which can lead to a reduction of dispersoid free zones in the a-Al grains. As can be seen in
Figure 53, the distribution of Mn over the cross section of a-Al grain is homogeneous as its
partitioning coefficient is almost equal to unity, while V tends to segregate to grain core/centre during
alloy solidification.

Some part of V segregated to interdendritic liquid during solidification were found to be bound to
Alis(FeMn)3Si, phase (see Figure 55) [161, 163].

Figure 54. SEM micrograph showing hexagonal (AlSi),(VTiMn) particle in V-containing Al-7Si-3Cu-0.3Mg alloy, with
corresponding EDS spectra and indexed EBSD pattern.
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Figure 55. SEM micrograph showing the presence of V in Alis(FeMn)3Si; particle in Al-7Si-3Cu-0.3Mg+V alloy.

Due to low solid solubility of Ni in a-Al matrix, almost all Ni added to the alloy were involved in the
formation of interdendritic intermetallic compounds. Microstructural investigation revealed two
different Ni-rich phases: Alo(FeCu)Ni and AlsCusNi, as identified by the analysis of chemical
composition and crystallographic structure (Figure 56 and Figure 57). The monoclinic Alo(FeCu)Ni
phase appears in microstructure in flaky morphology (see Figure 56) [105], whilst the compounds
formed with bone-like morphology was identified as the cubic AlsCu3sNi phase (see Figure 57).
Both AlsCusNi and Aly(FeCu)Ni compounds were reported to positively contribute to alloy high-
temperature strength properties [106, 114, 115]. It has been stated that Ni-rich intermetallics can also
maintain the interconnectivity of the eutectic network [96]. However, flaky morphology of
Alg(FeCu)Ni compounds with the sharp edges seems undesirable as they can act as crack initiation
points. In contrast, the cubic AlsCuzNi phase with bone-like morphology can be preferable type of
Ni-rich phase. The similarity in crystallographic structure of the adjacent phases is thought to
maintain their coherency at elevated temperature expositions, contributing to higher creep resistance
of the material.

Figure 56. SEM micrographs showing Aly(CuFe)Ni phase, with corresponding EDS spectra.
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Figure 57. SEM micrographs showing cubic AlsCu3Ni, as revealed by EDS spectra and indexed EBSD patterns.

3.5. Phase V — Microstructural evolution and tensile properties of secondary Al-Si-Cu-Mg
alloys: role of Zr and V additions

In this research phase, the effects of Zr and V microalloying additions and heat treatment on
microstructure and static tensile properties of secondary Al-7Si-3Cu-0.3Mg alloy with SDAS of ~ 15
um were investigated.

3.5.1. General microstructure of as-cast alloys

The typical as-cast microstructures representing the base and Zr/V-modified alloys are shown in
Figure 58. The main phases present in the microstructure of the base alloy are a-Al matrix, eutectic
Si, Alis(FeMn)3Siz and Cu-rich compounds (see Figure 58a). The presence of (0.15 %) Zr yielded the
formation of primary (AlSi)3;(ZrTi) compounds during solidification of Zr/V-modified alloy (Figure
58b). These interdendritic (AlSi)3(ZrTi) compounds having the length of ~10 um were observed
throughout the microstructure in flaky- and plate-like morphology. The majority of V added to the
alloy were retained inside a-Al matrix during solidification (Figure 60); owing to its peritectic nature,
V tends to segregate to the core of growing a-Al grains during non-equilibrium solidification. Excess
V beyond its solubility in a-Al was found incorporated into pro-eutectic a-Alis(FeMn)3;Siz phase (see
Figure 59), thus slightly increasing the fraction of Fe-rich intermetallic compounds from 0.4 % in the
base alloy to 0.5 % in the Zr/V-modified alloy. At low cooling rate corresponding to the SDAS of
~65 pm (see Figure 55 in research phase II), in addition to the enrichment of V in a-Al;s(FeMn)3;Siz
phase, rarely observable (AlSi)2(VTiMn) compounds were also present in the interdendritic regions.
In the present study, however, higher cooling rate corresponding to the SDAS of ~15 um seems to
increase the solid solubility of V in a-Al matrix, thus making pro-eutectic (AlSi)2(VMn) reaction
unfavourable during alloy solidification.
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Figure 58. Typical microstructures of the (a) base and (b) Zr/V-modified alloys in as-cast states. The samples were etched
in a mixture of H,O and H>SOs, preheated to 70 °C to highlight Fe-rich compounds.
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Figure 59. Typical EDS spectra of a-Al;s(FeMn)3Siz phase observed in the (a) base and (b) Zr/V-modified alloys in as-
cast states.
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Figure 60. SEM image of a-Al grain in Zr/V-modified alloy with corresponding EDS line-scan, showing the distributions
of Zr, V, Ti, Mn and Cu elements.
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3.5.2. General microstructure of heat-treated alloys

Figure 61 shows the typical microstructures of both the base and Zr/V-modified alloys after T6 heat
treatment. In contrast to the microstructures of the as-cast alloys, the microstructures representing the
heat-treated alloys exhibit finer and more rounded Si particles; the roundness of Si particles was
reduced from ~5 in the as-cast state to ~ 2 in the heat-treated state, which indicates how applying heat
treatment yields the fragmentation and spheroidization of eutectic Si particles [70]. Moreover, heat
treatment is known to solubilize interdendritic Cu/Mg-rich compounds into a-Al matrix; however,
some Cu-rich compounds were found to be present in interdendritic regions of the heat-treated alloys
(see Figure 61). According to the compositional mapping analyses performed on heat-treated alloys
(Figure 62 and Figure 63), the undissolved Cu-rich particles appear to be AlsSisCuxMgg and some
blocky AlCu phases, which seem to require higher solutionizing temperature for their effective
dissolution into the a-Al matrix. Moreover, although Ni is present in the alloy as impurity (~200
ppm), it formed some interdendritic intermetallics based on Al-Ni-Cu system, showing no dissolution
tendency into the a-Al matrix during solution heat treatment (Figure 63). Similarly, the interdendritic
a-Alis(FeMn);Siz and (AlSi)3(ZrTi) phases also remained undissolved into the a-Al matrix during
solution heat treatment (Figure 61 and Figure 62).
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Figure 61. Typlcal microstructures of the (a) base, and (b) Zr/V-modified alloys in the heat-treated states. The samples
were etched in a mixture of H,O and H»>SOs, preheated to 70 °C to highlight Fe-rich compounds.

Figure 62. Backscattered electron image of a typical microstructure of Zr/V-modified alloy after T6 heat treatment with
corresponding EDS composition maps, showing the distributions of Zr, V, Cu, Mg and Fe elements.
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Figure 63. Backscattered electron image of a typical microstructure of Zr/V-modified alloy after T6 heat treatment with
corresponding EDS composition maps, showing the distributions of Al, Si, Mg, Ni and Cu elements.

3.5.3. Solid-state phase transformations in heat-treated alloys

Figure 64 presents bright field (BF) TEM micrographs displaying the solid-state precipitation
occurred inside a-Al matrix during T6 heat treatment. The dominant needle-like precipitates (see
Figure 64) are believed to be 0’ phase [46]. Detailed characterization of the solid-state precipitation
reactions involving Cu and Mg in Al-Si-Cu-Mg alloys can be found elsewhere [46, 167, 168].
Microstructural investigation of Zr/V-modified alloy revealed nano-sized Zr/V-rich precipitates
inside o-Al matrix.

Figure 64. BF TEM micrographs showing the precipitation observed after T6 heat treatment in the (a) base and (b) Zr/V-
modified alloys.

As the precipitation reactions involving Zr and V is expected to occur during solutionizing stage (see
the following section for the precipitation behaviour of Zr/V-rich particles), the TEM investigations
was also carried out on the samples extracted from the solution heat-treated and as-quenched alloys.
Figure 65 shows optical micrographs (Figure 65a,b) and BF TEM micrographs (Figure 65c,d)
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displaying the precipitation occurred in the a-Al grain interiors of the studied alloys during solution
heat treatment. Substantially more precipitates can be seen in the Zr/V-modified alloy (Figure 65b,d)
compared to the base alloy (Figure 65a,c). According to the EDS analysis of intradendritic
precipitates formed during solution heat treatment of the base alloy (see Figure 66), the precipitates
are believed to be of a-Al(MnFe)Si type [6, 169]. In the case of Zr/V-modified alloy, three different
types of intradendritic phases containing transition metals tended to precipitate during solutionizing
stage (Figure 67). The precipitate numbered 1 in Figure 67a is believed to be the a-Al(MnVFe)Si
phase, which has been also revealed in the base alloy (Figure 66) and several other studies in the form
of a-Al(MnFe)Si [169-171]. In the present study, the a-Al(MnVFe)Si particles were observed in
plate-like morphology with the average size of ~ 100 nm and accounted for a major part of precipitates
formed during solution heat treatment of the Zr/V-modified alloy. Vanadium was found to
significantly promote the precipitation of a-Al(MnFe)Si by substituting Mn in this phase. The flaky-
like Zr-rich precipitates numbered 2 in Figure 67a and identified as (AlSi)3(ZrTi) in Ref. [116] are
rarely observable in the a-Al grain interiors, which can be due to the low solid solubility of both Zr
and Ti in a-Al. The irregular-shaped V-rich precipitate numbered 3 in Figure 67a is believed to be an
(AlSi)2(VCr) phase according to its composition; however, further TEM investigations seem
necessary to conduct crystallographic studies of this phase. This precipitate is also hardly apparent in
the microstructure (grain interiors) since V was mainly bound to intradendritic a-Al(MnVFe)Si phase.
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Figure 65. (a,b) Optical micrographs and (c,d) BF TEM micrograpﬁs showing the precipitates formed during-solution
heat treatment of the (a,c) base and (b,d) Zr/V-modified alloys. Optical micrographs were obtained from the samples
etched in 1% HF for 30 s to reveal secondary precipitates.
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Figure 66. (a) BF TEM micrograph showing the a-Al(MnFe)Si precipitate formed in a-Al grain interior during solution
heat treatment of the base alloy, and (b) EDS spectrum of a-Al(MnFe)Si precipitate shown in Figure 66a.
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Figure 67. (a) BF TEM micrograph showing the precipitates formed in a-Al grain interiors at solution heat treatment
stage of Zr/V-modified alloy; (b) EDS spectrum of Al(MnVFe)Si precipitate numbered 1 in Figure 67a; (¢) EDS spectrum
of (AlSi)3(Zr'Ti) precipitate numbered 2 in Figure 67a; (d) EDS spectrum of (AlSi)2(VCr) precipitate numbered 3 in Figure
67a.

3.5.3.1. Precipitation behaviour of intradendpritic Zr/V-rich particles

Solution treatment is the initial stage of the T6 heat treatment process used to primarily dissolve
interdendritic Cu- and Mg-rich compounds into the a-Al matrix, and also spheroidize/fragmentize the
eutectic Si particles [44, 47, 70]; however, the present study also revealed that the solutionizing stage
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induces solid-state precipitation reactions involving slow-diffusing transition metals (see Figure 65).
As the peritectic-forming Zr and V elements tended to mainly concentrate inside a-Al matrix during
solidification (see Figure 60), a slight amount of these elements were rejected into the interdendritic
liquid by the growing dendrites. Therefore, the contribution of Zr and V to the evolution of insoluble
and interdendritic intermetallics was insignificant (see Figure 61 and Figure 62). Based on these
observations, we can also infer that only the supersaturated Zr and V amounts in solid solution of a-
Al obtained during non-equilibrium solidification can be involved in the solid-state precipitation
occurring inside a-Al matrix. As mentioned earlier, a very limited amount of a-Al(MnFe)Si
precipitates formed in a-Al grain interiors of the base alloy after solution heat treatment (see Figure
65a). Since Mn is normally added to promote the formation of a-Alis(MnFe);Si> over B-AlsFeSi
during solidification [ 172], some part of Mn can be also retained inside Al matrix during solidification
(see Figure 60). Non-equilibrium solidification, in turn, can also facilitate the supersaturation of Mn,
Cr and Fe in a-Al solid solution and when the alloy is exposed to a higher temperature for a certain
period of time, e.g. at solution heat treatment stage, the diffusion of transition metals becomes active,
which causes the supersaturated transition metals in a-Al solid solution to decompose and precipitate
inside in a-Al matrix.

As stated in Section 3.1, adding Zr and V significantly increased the fraction of a-Al(MnFe)Si
precipitates in a-Al grain interiors (see Figure 65), which can be described by the peritectic nature of
V, more shallow solvus line in Al corner of Al-V phase diagram (Figure 11b) and the ability of V to
substitute Mn in a-Al(MnFe)Si phase.

Another interesting feature observed in Figure 65a,b was the presence of a-Al matrix zones free from
precipitates; the Zr/V-rich precipitates are mainly concentrated in the core regions of a-Al grains.
This behavior is the direct consequence of the solidification microstructure. As shown in Figure 60,
inhomogeneous distribution of transition metals over the cross section of a-Al grain matrix is obtained
during non-equilibrium solidification and due to their slow diffusivity in a-Al matrix, applying
solution heat treatment cannot yield homogeneous distribution of transition metals inside a-Al matrix.
However, the interaction between V and Mn to form a single phase in the a-Al grain interiors is highly
beneficial; the partitioning behaviour of V during solidification is opposite to that of Mn, which can
lead to a more uniform distribution of the precipitates and the reduction of the precipitates free zones.
Moreover, both Mn and V are the slow-diffusing elements, with relatively high solid solubility in a-
Al, which can promote the solid-state precipitation of a-Al(MnVFe)Si phase at relatively high volume
fractions.

It can be also noted that the size of precipitates is in the order of 100 nm (see Figure 65), which is
significantly larger than the Cu-rich strengthening precipitates formed during aging (see Figure 64).
Optimization of solution heat treatment parameters of Zr/V-modified Al-7Si-3Cu-0.3Mg alloy may
maximize the dispersion hardening effects of a-Al(MnVFe)Si, contributing better to the high-
temperature strengthening in Al-Si alloys. The a-Al(MnFe)Si dispersoids have been recently shown
to be partly coherent with the Al matrix [8].

The solutionizing stage also caused the a-Al solid solution supersaturated with Zr to decompose and
precipitate inside the a-Al matrix in the form of (AlSi)3(ZrTi) phase in limited amounts and with the
average length of around 100 nm. Gao et al. [21] have reported how Ti and V can accumulate into
AlsZr phase [133]; however, in the present study, only Ti, which is present in the alloy as a trace
element, tended to substitute Zr, whereas V showed no tendency to contribute to the formation of
(AlSi1)3(ZrTi) phase. This can be due to a more favourable involvement of V in the formation of a-
Al(MnVFe)Si phase. Sepehrband et al. [107] revealed that solution heat treatment of A319 alloy
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containing Zr, at 505 °C for 24 h caused the precipitation of AlzZr particles with the length of around
210-250 nm in a-Al grain interiors. The smaller size of these rod-like precipitates observed in the
present study can be due to lower solutionizing temperature 485 °C applied. In a recent study, the
(AIlS1)3(ZrTi) precipitates have been shown to be partly coherent with the Al matrix [116].

3.5.4. Room- and high-temperature tensile properties of the alloys

Table 13 presents the averaged room-temperature tensile properties of the studied alloys in the as-
cast and heat-treated states. Applying T6 heat treatment significantly enhanced the strength properties
of the studied alloy. While the yield strength (YS) and ultimate tensile strength (UTS) of the base
alloy increased from 155 and 248 MPa in the as-cast state to 364 and 415 MPa in T6 heat-treated
states, respectively, the elongation to failure (% EI) remained almost constant in the range of ~ 2 %
in both the as-cast and heat-treated states of the studied alloys. The effect of adding Zr and V can be
characterized by a slight increase of Y'S in both the as-cast and heat-treated states (see Table 13).

Table 13. Tensile properties with corresponding standard deviation (in parentheses) of the base and Zr/V-modified alloys
before and after T6 heat treatment at room temperature.

As-cast T6 treatment
Alloy type
YS uTs % El YS UTS % El
base 155(5.2)  2482(2.8) 1.95(0.20) 364.4(2.8) 4152(4.6) 1.98(0.26)
modified 158.6(0.3)  2488(1.5) 1.77(0.12) 368.8(2.1) 414.8(3.5) 1.70(0.30)

Figure 68 shows the tensile properties of the base and Zr/V-modified alloys after T6 heat treatment
as function of testing temperature. It is evident that tensile properties is progressively reduced by
increasing the testing temperature (see Figure 68) [18]; the YS and UTS of the base alloy decreased
from approximately 364 and 415 MPa at room temperature to about 262 and 271 MPa at 200 °C,
followed by a further decrease to 83 and 86 MPa at 300 °C testing temperatures respectively, whereas
the elongation increased from ~2% at 20 °C to approximately 2.5% at 200 °C, and 8% at 300 °C. As
testing temperature increases, the effect of Zr and V addition became more evident; the Zr/V-modified
alloy showed higher strength properties at 300 °C testing temperature by ~ 20 % compared to the base
alloy. The achieved improvement, however, was also followed by a slight reduction of % El (Figure
68c).
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Figure 68. A comparison of the tensile properties of the base and Zr/V-modified alloys after T6 heat treatment, obtained
at different testing temperatures: (a) yield strength, (b) ultimate tensile strength and (c) elongation to failure.

3.5.5. Tensile fracture surfaces

The typical examples of fractured surfaces of the studied alloys observed by SEM fractographs are
shown in Figure 69. The presence of casting defects, such as oxide inclusions and shrinkage, appear
to govern the fracture of the tensile-tested specimens; these casting defects can act as preferable sites
for crack initiation [8]. These defects can be also credited for the scattering of elongation to failure
of the studied alloys, particularly at high-temperature tensile testings (Figure 68c). When the damage
is initiated by the casting defects, then the propagation occurs by cracking of interdendritic, brittle
phases, such as eutectic Si and Fe/Cu-rich intermetallic particles, (see Figure 70 and Figure 71) due
to the development of internal stresses in the particles by plastic deformation. Microcracks originated
in those interdendritic, brittle intermetallics propagate through the a-Al matrix and subsequently
connect to each other to produce the main crack.

As can be seen in Figure 70, the main fracture profile line of the base and Zr/V-modified alloys in as-
cast state reflects the shape of the dendritic structure. The cleavage fracture of eutectic Si and Cu/Fe-
rich intermetallics are evident. The plastically deformed microregions (micronecks) of the a-Al
dendrites are also noticed in both the base and Zr/V-modified alloys. Therefore, the fracture mode
observed in both alloys was a mixed interdendritic-transdendritic. The SEM fractograph representing
Zr/V-modified alloy in as-cast state also shows the tear ridges and fractured brittle phases, such as Si
and Cu/Fe-rich intermetallics (Figure 72a). Since the a-Al matrix is relatively soft and ductile, the
stress incompatibilities evolved at the particle/matrix interfaces favour cracking of brittle,
interdendritic phases, thus dominating the fracture mode [85].

Applying T6 heat treatment showed no significant influence on the fracture profile of the alloys tested
at room temperature (see Figure 71). Although solutionizing stage caused spheroidization of eutectic
Si particles, some Si particles still remained elongated and coarser and these particles crack more
easily as they possess lower fracture stress [173-175]. Although more spheroidized Si particles in
heat-treated alloys would contribute to higher elongation to failure, the hardening of a-Al matrix
induced by T6 heat treatment restrains the plastic deformation of a-Al matrix. These microstructural
changes can be responsible for having nearly the same elongation to failure observed in both the as-
cast and heat-treated states of the studied alloys.

The fracture profile of the studied alloys tested at 200 °C remained without any significant changes
compared to the alloys tested at room temperature (see Figure 71); however, the development of some
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dimples at fracture surfaces of the alloy tested at 200 °C indicates a slight plastic deformation of a-
Al matrix occurred during tensile testing (Figure 72¢); measurement of the tensile properties of the
studied alloys also show a slightly higher elongation to failure of the alloys tested at 200 °C compared
to the alloys tested at room temperature (Figure 68c). The absence of significant number of dimples
on the fracture surfaces of the alloys tested at 20 and 200 °C temperatures (Figure 72a,b,c) is an
indication of the brittle fracture mode that was operative in these investigation conditions.

Further increase of the testing temperature to 300 °C resulted in brittle-to-ductile transition of fracture
mode in both alloys (see Figure 69). Although interdendritic particles cracking and micronecks can
be also seen on the fractured surfaces (see Figure 71c,f), the fracture path mainly follows the sheared
a-Al matrix (see Figure 69). Fracture of the alloys tested at 300 °C was dominated by ductile dimple
fracture with the cavities containing multiple fragmented intermetallic phases (Figure 72d) [85, 176].
Note that at low temperatures, a single dominant cleavage crack of brittle, interdendritic phases was
observable on the fracture surfaces (Figure 72a,b,c). When the testing temperature is raised to 300
°C, the a-Al matrix becomes much softer than at room temperature, thus increasing the plasticity of
the alloys.
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Figure 69. Secondary electron micrographs showing the fracture surfaces of Zr/V-modified Al-7Si-3Cu-0.3Mg alloy in
T6 heat-treated state and tested at (a) 20 and (b) 300 °C temperatures. The location of crack initiation, and the casting
defects, such as shrinkage and oxide inclusions, that initiated the crack can be seen.
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Figure 70. Optlcal m1crographs of fracture profiles, showing a mixed transdendritic-interdendritic fracture on (a) the
base and (b) Zr/V-modified alloys.
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Figure 71. Optical micrographs of the tensile fracture profile of the (a,b,c) base and (d,e,f) Zr/V mod1ﬁed alloys tested
at (a,d) 20, (b,e) 200 and (c,f) 300 °C temperatures.
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Figure 72. Secondary electron micrographs of fractured surfaces of Zr/V-added Al-7Si-3Cu-0.3Mg alloy in (a) as-cast
and (b,c,d) T6 heat-treated states and tested at (a,b) 20, (c) 200 and (d) 300 °C temperatures.

3.5.6. Microstructure - property relationship

Adding Zr and V exerted a slight influence on tensile properties of as-cast Al-7Si-3Cu-0.3Mg alloy;
an increase of YS by ~5 MPa was observed upon Zr and V addition, however, this improvement was
achieved at the expense of alloy ductility. Since majority of added Zr and V were retained in a-Al
solid solution during solidification (see Figure 60), a slight increase in Y'S parameter can be attributed
to the solid solution strengthening effects of alloying additions [177]. The poor ductility of Al-Si
based alloys has been mainly attributed to the internal damage dominated by cracking of insoluble
Cu/Fe-rich intermetallics and eutectic Si particles [13, 15, 89]. It is also worthy to note that the levels
of deliberately-added transition metals should be strictly controlled to avoid further increase of the
volume fraction and size of brittle, interdendritic intermetallics, such as a-Alis(FeMn);Siz> phase in
secondary Al-Si foundry alloys.

The role of T6 heat treatment in the strengthening of the Al-Si-Cu-Mg based alloys is well-known
[70]. The solid-state precipitation reactions involving Cu and Mg can provide significant
strengthening by precipitation hardening mechanism [70]; comparison of the tensile properties of the
base and Zr/V-modified alloys revealed a slight improvement of YS by ~4 MPa after Zr and V
addition. It can be thus implied that the enhanced properties of both alloys upon T6 heat treatment is
primarily the consequence of intradendritic Cu/Mg-rich precipitates while the influence of
intradendritic Zr/V-rich particles on alloy strength properties at room-temperature is insignificant.
Increasing the testing temperature decreased the tensile properties of both alloys (Figure 68a,b). It is
also observed (Figure 68a,b) that UTS parameter is more sensitive to thermal exposure compared to
the YS of the alloys [42]. With increasing the temperature, the cross slips are thermally activated by
climbing of dislocations resulting in the degradation of material strength [4, 18, 40, 84]. In addition,
the solute diffusion of Cu and Mg becomes increasingly effective in promoting precipitate coarsening
within the a-Al matrix, hence further contributing to the alloy softening [13, 18]. Comparison of the
tensile properties of the alloys as function of the testing temperature (Figure 68a,b) indicates that the
effect of Zr and V additions seem to be more evident at high temperatures; both the YS and UTS
parameters of the Zr/V-modified alloy are higher by ~ 20% with respect to the strength properties of
the base alloy. This improvement is attributed to the presence of intradendritic V/Zr-rich precipitates,
which are thermally more stable compared to Cu/Mg-rich precipitates.
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Both alloys remained inherently brittle as the elongation to failure remained relatively low at 20 and
200 °C testing conditions (see Figure 68c). However, the alloy ductility become significant at 300 °C
(see Figure 68c). These findings are consistent with Reference [13], where a temperature of 300 °C
is arbitrarily chosen to indicate a transition from stress controlled to strain dominated fracture
behaviour in Al-Si-Cu-Mg alloys. The effect of adding Zr and V on elongation to failure remains
almost negligible (see Figure 68c), which can be explained by the fact that both Zr and V tended to
concentrate mainly in grain interiors during solidification, and showed less impact on the evolution
of insoluble, interdendritic intermetallics.
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4. CONCLUDING REMARKS

CHAPTER INTRODUCTION

This chapter summarizes the highlighted conclusions which were drawn from this study.

The primary objective of this study was to characterize the formation of intermetallic phases
containing transition metals in secondary AIl-Si-Cu-Mg foundry alloys before and after grain
refinement by different master alloys (AI-5Ti-1B, Al-10Ti and AI-5B) and contribute to the
understanding of the mechanisms underlying the microstructural changes occurring with the addition
of grain refiner. Another objective of this study was to investigate the effect of deliberate transition
metals addition on the solidification path, microstructural evolution and room/high-temperature
tensile properties of secondary Al-7Si-3Cu-0.3Mg alloy, with the aim of estimating the feasibility of
the enhancement of the material high-temperature strength properties. The main conclusions are
presented for each aspect of this work.

4.1. Transition metal impurities

The impurities, such as Zr (~ 100 ppm), showed no apparent influence on the grain refining
efficiency of Al-5Ti-1B master alloy, regardless of the pouring temperature applied.

The transition metal impurities, Zr, V and Mn, were found to be more favourably soluble into
primary AlSiTi particles, thus contributing to further stabilization and increased fraction of
undesired AlSiTi phase. This behavior can further limit the critical Ti content needed for effective
grain refinement, thus complicating the optimization of grain refinement process in secondary
Al-Si alloys.

The transition metal impurities exerted no any apparent contaminating influence on the
effectiveness of Sr-modification.

Iron, which is the most common and harmful impurity in Al alloys, only formed script-like o-
Alis(FeMn)3;Siz phase during solidification of the base alloy. This is due to (1) the presence of
sufficient amount of Mn in the base material that promotes the formation of a-Al;s(FeMn)3;Siz
over undesired B-AlsFeSi compounds, and (2) the fact that competitive nucleation during later
stages of solidification appears to be in favour of a-Alis(FeMn)3;Siz over B-AlsFeSi, i.e. lack of
potent nucleation site for B-AlsFeSi in the interdendritic liquid regions of solidifying alloy causes
the nucleation and then growth of some metastable a-Alis(FeMn)s;Siz in preference to -AlsFeSi.
In contrast, Fe tended to solidify as both a-Alis(FeMn)sSi> and B-AlsFeSi phases during
solidification of the alloy treated by Sr-modifier and AI-5Ti-1B grain refiner. The TiB; particles
released into the melt upon Al-5Ti-1B grain refiner addition seem to promote the nucleation of
B-AlsFeSi at lower undercooling by acting as heterogeneous nucleation site.

Iron available in the alloy as impurity was again involved in the formation of both a-
Alis(FeMn)sSi; and B-AlsFeSi phases during solidification of the alloy with Al-5Ti-1B grain
refiner, however without Sr-modifier, thus verifying the role of Al-5Ti-1B grain refiner in having
significant influence on the formation of Fe-rich phases. At low cooling rates corresponding to
the SDAS of ~60 um, B-AlsFeSi particles are rarely observed in the microstructure as
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significantly more Fe was bound to a-Alis(FeMn);Siz phase; on the contrary, at higher cooling
rates corresponding to the SDAS of ~20 pum, the B-AlsFeSi becomes largely dominating Fe-rich
phase in the microstructure, i.e. Fe largely prefers to solidify as B-AlsFeSi phase even though the
Fe to Mn ratio (~0.6) is still favourable to avoid B-AlsFeSi reaction.

The precipitation sequence of Fe-rich phases in the alloy refined by Al-5Ti-1B master alloys
showed no dependence of Al-5Ti-1B grain refiner level; however, both the high cooling rates and
higher grain refiner addition levels tended to increase the volume fraction of B-AlsFeSi at the
expense of a-Alis(FeMn);Sis.

No changes in the phase formation sequence of Fe-rich compounds were observed upon grain
refinement of the alloy by Al-5B master alloy. The a-Alis(FeMn);Siz again becomes the sole Fe-
rich phase in the microstructure, regardless of the cooling rate. Although AIB; and TiB: are
isomorphous and possess similar lattice parameters, AlB> appears not to promote the nucleation
of B-AlsFeSi phase; this can be due to the existence of Al-AlB; eutectic reaction during the early
stages of solidification, which may deactivate the nucleating potency of AIB; particles.

Nickel present in the alloy as impurity in trace amount (~200 ppm) tended to segregate to
interdendritic region during solidification and interact with Cu to form insoluble Al-Cu-Ni
intermetallics, thus diminishing the precipitation strengthening effect of Cu to a certain extent.

4.2. Deliberately-added transition metals

Individual Zr (0.12 wt. %) addition to secondary Al-7Si-3Cu-0.3Mg alloy caused the
precipitation of primary pro-peritectic AlsZr particles during solidification, which led to a
considerable refinement of a-Al grains. However, few numbers of Al;Zr particles precipitating
in very early stages of solidification appear to interact with Si and Ti to form (AlSi)3(ZrTi)
compounds, which are not effective nuclei for a-Al. The formation of (AlSi)3(ZrTi) compounds
causes o-Al matrix to become less-enriched with Zr, reducing its dispersion hardening
contribution. Therefore, the content of Zr in the alloy needs to be properly established by
considering the alloy composition and solidification conditions to avoid the formation of primary,
undesired (AlSi)3(ZrTi) platelets.

Individual V (0.25 wt. %) addition showed similar grain refining efficiency to that of Zr addition.
However, the role of V appears to be significant in increasing the growth restriction factor, thus
providing greater level of constitutional undercooling, causing certain solid particles to become
active for the nucleation of a-Al. Excess V beyond its supersaturation limit in a-Al matrix was
bound to polyhedral-shaped (AlSi)2(VMnTi) and a-Fe compounds.

Combined V and Zr addition yielded greater level of grain refinement of the alloy if compared to
the individual Zr and V additions. This is mainly attributable to the fact that some V accumulated
into AlsZr particles, increasing the number density of Zr-rich trialuminides, and also to the role
of V in increasing the level of constitutional undercooling.

Nickel addition, individually or in combination with Zr and/or V, only influenced the kinetics
and sequence of post-eutectic reactions; during alloy solidification, Ni solidified as Al¢CuzNi and
Alo(CuFe)Ni phases, precipitating prior to Al2Cu and AlsSisCuxMgs intermetallics. These Ni-rich
intermetallics not only consumed some amount of Cu, but also acted as nucleation site for Al.Cu
and AlsSisCu,Mgg particles, thus decreasing the freezing range of the alloy. Cubic AlsCuszNi
phase appears in Chinese-script morphology, thus can be a preferable Ni-rich phase, compared
to the other Ni-rich compounds, such as platelet-like Alo(FeCu)Ni phase.
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Addition of Zr (0.15 wt.%) and V (0.30 wt.%) induced the formation of flaky-like, interdendritic
(AlS1)3(ZrT1) compounds, and a slight increase in the fraction of interdendritic Alis(MnFe)3;Siz
phase due to enrichment of V.

The interdendritic intermetallics containing Zr and V, such as (AlSi)3(ZrTi) and Alis(FeMnV)3Siz
compounds remained undissolved into the a-Al matrix during solution heat treatment. The
supersaturated Zr and V in solid solution of a-Al, obtained during non-equilibrium solidification,
tended to decompose and precipitate inside a-Al grains during solution heat treatment stage. The
interaction between the deliberately-added Zr and V, and impure (trace) Mn, Fe, Ti and Cr
elements promoted the formation of a substantial volume fraction of multiple intradendritic, nano-
sized precipitates: the blocky-like a-Al(MnVFe)Si, the flaky-like (AlSi)3(ZrTi) and the irregular-
shaped (AlSi1)2(VCr) phases. The a-Al(MnVFe)Si accounted for the major part of the thermally
stable phases formed during solutionizing stage; the interaction between peritectic-forming V and
eutectic-forming Mn to form the a-Al(MnVFe)Si precipitate is believed to be highly beneficial
due to their opposite partitioning behavior, as well as their higher solubility and lower diffusivity
in a-Al matrix.

Adding Zr and V showed no significant influence on alloy tensile properties in both as-cast and
heat-treated states at room temperature; however, an increase of the UTS and YS of Zr/V-
modified alloy with respect to the base alloy at elevated temperatures by ~ 20 % are attributed to
the presence of thermally stable Zr/V-rich precipitates formed during solution heat treatment
inside o-Al matrix.
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5. FUTURE WORKS

CHAPTER INTRODUCTION

This chapter describes the suggestions for future works

Based on the findings derived from the experimental investigations of the role of (a) transition metal
impurities and (b) deliberately added transition metals in solidification processing, microstructural
evolution and tensile properties of secondary Al-Si-Cu-Mg alloys, the following suggestions can be
proposed for future works. The main suggestions are presented for each aspect of this work.

5.1. Transition metal impurities

The TEM crystallographic investigations of the interface between TiB:2 and B-AlsFeSi phases can
help gain further understanding of the role of heterogeneous nucleation in intermetallic phases
selection during alloy solidification.

Since Al-5B grain refiner showed comparable grain refining performance to that of Al-5Ti-1B
master alloy, without any deleterious influence on the formation of Fe-rich intermetallics, further
investigations of the grain refining performance of Al-B based master alloys in Al-Si alloys may
reveal further insights.

5.2. Deliberately-added transition metals

As the solid-state precipitation reactions involving Zr and V occurred during solution heat
treatment, the optimization of solutionizing time and temperature by considering not only the
dissolution kinetics of interdendritic Cu/Mg-rich intermetallics, spheroidization and
fragmentation of eutectic Si particles, but also maximum dispersion hardening effect of Zr and V
may enable the development of more heat resistant Al alloy.
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The role of impurity elements and melt superheat on the efficiency of Sr modification, grain
refinement with Al-Ti-B and the precipitation behavior of intermetallic phases in a secondary
Al-7Si-3Cu-0.3Mg alloy were investigated. Metallographic and thermal analysis techniques were
used to quantitatively examine the macro- and microstructural changes occurring with modifier
and grain refiner additions at various pouring temperatures. The results indicate how the Sr
modification and grain refinement with Al-Ti-B can be effective enough despite the presence of
impurity elements in the material and the variation of pouring temperature. A slight poisonous
effect of impurities, in particular, Zr and V, in the grain refinement efficiency can be eventually
induced due to their action in promoting the formation of primary AISiTi compounds.
Moreover, grain refiner addition exerted a pronounced influence on the precipitation sequence
of Fe-rich phases. The TiB, particles appeared to promote the formation of AlsFeSi during

solidification by acting as a favorable nucleation site.
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I. INTRODUCTION

ALUMINUM-SILICON-BASED alloys can be
considered as the most important foundry alloys for
the production of automotive engine components equip-
ping light duty vehicles, like personal cars and light
commercial vehicles, due to their good ratio between
weight and mechanical properties, and excellent casting
characteristics.

The secondary Al process is highly attractive because
it requires significantly less energy and emits less CO» to
the atmosphere compared to the primary route. Over
90 pct of the aluminum used in transportation industrP/
comes from secondary sources, i.e., recycled material.l”’
However, secondary Al alloys usually contain several
types of impurity elements in small amounts, which can
exert negative effects on the mechanical ]Zoroperties and
the final quality of the cast components.™

The mechanical properties of Al casting alloys are
strongly dependent on the macro- and microstructural
features, such as the size, morphology, and the distri-
bution of «-Al dendrites, eutectic Si, and intermetallic
compounds, which form during solidification.”! Some
features, such as the grain size, level of eutectic Si
modification, dendrite coherency point can be quantified
online by using an accurate thermal analysis system.!*!

JOVID RAKHMONOV, Ph.D. Student, GIULIO TIMELLI,
Assistant Professor, and FRANCO BONOLLO, Full Professor, are
with the Department of Management and Engineering, University of
Padova, Stradella S. Nicola, 3 36100 Vicenza, Italy. Contact email:
rakhmonov(@gest.unipd.it.

Manuscript submitted February 19, 2016.

Article published online August 15, 2016

5510—VOLUME 47A, NOVEMBER 2016

The chemical grain refinement and eutectic modifica-
tion are two critical stages in melt chemical treatments.
The grain size and the Si modification level can be
significantly improved by introducing a certain amount
of AI-Ti-B grain refiner and Sr modifier into the melt.
Several research activities have been conducted to
understand the effects of chemical grain refinement on
the o-Al dendrite features and modification on eutectic
Si structure.>®! Most studies, however, have focused on
primary Al alloys. Investigations on the grain refinement
of secondary Al-Si alloys are rather limited.” On the
other hand, the optimum level of grain refiners in
secondary alloys cannot be equally achieved as com-
pared to primary alloys due to the presence of some
trace elements that can induce a negative impact on the
grain refinement efficiency.™” Zirconium was found to
poison the potency of nucleation agents, such as TiB,,
particularly at higher melt superheats, ~1073 K
(800 °C).®! Furthermore, the grain refinement level can
be deteriorated by varying pouring temperatures.!''!]

The effects of Al-Ti-B on the precipitation behavior of
Fe-bearing compounds are disputed and still not well
understood."> ' Iron is considered as one of the most
deleterious impurities in secondary Al-Si alloys and due
to low solid solubility in the «-Al phase, the Fe-rich
compounds precipitate in the microstructure during
solidification. The formation of Fe-rich particles, par-
ticularly f-AlsFeSi platelets, is usually undesired since
the mechanical properties of the alloy can be negatively
affected.!!>1¢!

The aim of this study is to investigate the role of
impurity elements and the melt superheat on the
efficiency of Sr modification, grain refinement with
Al-5Ti-1B, and the precipitation behavior of intermetal-
lic phases in secondary Al-7Si-3Cu-0.3Mg alloys.
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II. EXPERIMENTAL METHODS

A. Materials and Processing

Al-7Si-3Cu-0.3Mg alloy (equivalent to the US desig-
nation A320) was used as a baseline material which was
supplied by Raffineria Metalli Capra in the form of
commercial foundry ingots produced by recycling scrap
aluminum. The AI-5Ti-1B and Al-10Sr rod-shaped
master alloys (in wt pct) were, respectively, used for
grain refinement and eutectic modification.

Thermal analysis was carried out for both untreated
(base) and treated (modified and grain refined) alloys at
three different pouring temperatures [973 K, 1023 K,
and 1073 K (700 °C, 750 °C, and 800 °C)].

Experimental activities on untreated alloy started
with melting of about 2.3 kg of supplied material in a
SiC crucible inside an electrically heated, air-circulat-
ing chamber furnace at 973 K (700 °C). Then the melt
was stirred and the surface skimmed to remove the
dross, after which the melt is poured into a cylindrical
steel cup preheated at 923 K (650 °C) for thermal
analysis. Then the melt temperature was increased up
to 1023 K (750 °C) and further to 1073 K (800 °C) to
perform thermal analyses at these pouring tempera-
tures. Prior to each set of thermal analysis experi-
ments, the temperature of the melt was checked and
the melt was held at a temperature of interest for
30 minutes. At higher melt superheat, the steel cup
temperature was increased to maintain a temperature
difference of 50 K (50 °C) between pouring and cup
temperatures.

The experimental activities used for untreated alloys
were repeated to analyze the solidification path of
Al-7Si-3Cu-0.3Mg alloy after treatment with Al-5Ti-1B
grain refiner and Al-10Sr modifier. About 0.035 kg of
Al-5Ti-1B and 0.0033 kg of Al-10Sr slices were added to
the molten bath for about 15 minutes before pouring the
molten metal at 973 K (700 °C). With increasing pour-
ing temperature which also results in the prolonged
holding time, a reduction of Sr concentration in the
alloy took place due to melt oxidation. As a result, the
content of Sr decreased from 0.015 wt pct at 973 K
(700 °C) to 0.013 and then to 0.011 wt pct at 1023 K
and 1073 K (750 °C and 800 °C) experimental condi-
tions, respectively.

The samples for chemical analysis were poured prior
to each set of thermal analysis experiments. The
averaged chemical composition of the experimental
alloys, measured by optical emission spectrometry, is
shown in Table I. Other elements such as Bi, Sb, P, Ca,
and Sn were present in amounts less than 0.01 wt pct
and these elements are not included in Table 1. In the
present work, all elements, other than Al, Si, Cu, and
Mg, were considered as impurities.

B. Thermal Analysis

Thermal analysis was carried out with two K-type
thermocouples of 1.5 mm diameter. A boron-ni-
tride-coated cylindrical steel cup with the dimensions
of the outer diameter of 45 mm, height of 60 mm, and a
uniform wall thickness of 3 mm was used for thermal
analysis. The area of thermocouples contacting with the
melt was protected in tightly fitting steel tubes to allow
the same thermocouples to be used throughout the
experimental plan. The data were collected using a
high-speed data acquisition system with a sampling rate
of 0.02s', analog-to-digital converter accuracy of
0.1 K (0.1 °C), and linked to a personal computer.
Two thermocouples were inserted into the melt, one in
the center and one adjacent to the wall, 30 mm down
from the top part of the sample. The system was allowed
to cool in air at a cooling rate of 0.17 £ 0.1 K/s. The
thermocouples were calibrated against the melting point
of pure aluminum, assuming a melting point of 933 K
(660.0 °C). A minimum of two thermal analyses were
carried out for each condition. For each set of temper-
ature/time relations in the center of the sample, the
cooling curves and the corresponding derivative curves
were plotted to determine the nucleation temperature
Thye, minimum 7Ty, and growth Torown temperatures
for primary o-Al, Al-Si eutectic, and Cu-rich com-
pounds formation, based on the first derivative cooling
curve approach.” Figure I and Table II show the
definition method and the description of thermal anal-
ysis parameters, respectively, used in the present work.

C. Macro- and Microstructural Characterization

Samples for macro- and microstructural investigations
were sectioned longitudinally near the tip of the thermo-
couples in order to correlate the solidification parameters
from thermal analysis with the metallographic observa-
tions. Then the samples were mounted, ground, and
polished using standard polishing techniques.

Optical microscope (OM), scanning electron micro-
scope (SEM) equipped with energy-dispersive (EDS),
and wavelength-dispersive spectrometers (WDS) were
used to characterize the type and morphology of the
phases precipitated during solidification, as well as the
distribution of alloying and trace elements in the
microstructure. A total of at least 2000 eutectic Si
particles were measured for each sample in OM coupled
with an image analyzer.

To quantitatively calculate the grain size, the polished
specimens were etched in concentrated Keller’s reagent
(7.5 ml HNO3, 2.5 ml HF, 5 ml HCI, and 35 ml H,O).
The grain size was measured using the interceJ])t method,
according to the ASTM standard E112-12.1!

Table I. The Chemical Composition of the Experimental Alloys (Weight Percent)

Alloy Si Fe Cu Mn Mg Zn Cr

Ni Ti Pb Sr v Zr B Al

Untreated 7.68 0.444 3.02 0.229 0.311
Treated 7.36 0.439 3.11 0.221

0.778 0.0394 0.0219 0.010 0.034 0.0001 0.011
0312 0.757 0.0384 0.0252 0.170 0.049 0.0130 0.010 0.010 0.0200 bal.

0.010  0.0009 bal.
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Fig. 1—(a) Cooling curve and first derivative of Al-7Si-3Cu-0.3Mg alloy indicating three main phase reactions, () magnified plots of three phase
reactions showing the method used to determine the characteristic points, such as Tnue, ZGrowths I Mins a0d Tsolidus-

Table II. Definition of the Characteristic Temperatures from
Fig. 1

Symbol Description

Thue Nucleation temperature of a phase, such
as a-Al, Al-Si eutectic, and Al-Cu eutec-
tic

Tmin Minimum temperature of a phase, such as
a-Al, Al-Si eutectic, and Al-Cu eutectic;
latent heat amount balances the heat
amount of the system

T growth Growth temperature of a phase, such as

a-Al, Al-Si eutectic, and Al-Cu eutectic

~G The difference between the nucleation and
growth temperatures (T'ng = Tyue — 1-
growth)

Trec Recalescence undercooling of a phase,
such as ao-Al and AI-Si eutectic
(Trec = Tgrowth - Tmin)

Solidus temperature; marks the end of the
solidification

Tsolidus

III. RESULTS AND DISCUSSIONS

A. Thermal Analysis

The solidification path of both untreated and treated
Al-7Si-3Cu-0.3Mg alloys remained apparently unaf-
fected with the variation of pouring temperature.
However, after the treatment of melt with Al-Ti-B and
Al-Sr, significant changes took place in the solidification
path, as shown in Figure 2, which displays the typical
cooling curves and the corresponding first derivative
curves. The derivative curve of the untreated alloy
(Figure 2(a)) reveals three different peaks associated
with the formation of «-Al, Al-Si eutectic, and Cu-rich

5512—VOLUME 47A, NOVEMBER 2016

phases (AlL,Cu and AlsSigCu,Mgg), while Figure 2(b)
represents the solidification path of treated alloy where
four different peaks corresponding to the precipitation
of a-Al, Al-Si eutectic, Cu-rich intermetallics (Al,Cu and
AISSi6Cu2M%3?, and a-Al;s(Fe,Mn);Si, particles were
identified."® ™ Changes in the formation temperature of
the main phases are discussed in detail in the next
sections.

B. General Microstructure

Microstructural investigations confirm the presence of
the phases detected by thermal analysis, and addition-
ally, the a-Al;s(FeMn)sSi,, Q-AlsSigCu,Mgg, and
AISiTi compounds, as well as Bi-Sb and Pb-rich
particles were detected (see Figures 3 and 4). The lack
of the relative peaks in the cooling and derivative curves
is likely due to the heat amount generated during the
formation of these phases, which is below the resolution
limit of the thermal analysis technique used.!*"

The microstructural characterization also indicates
that the AISiTi and f-AlsFeSi phases existed only in the
case of treated alloy, regardless of the pouring temper-
ature. No evidence of the precipitation of these com-
pounds was observed in untreated alloy. It was also
observed that the pouring temperature exerted no
influence on the type of phases forming during solidi-
fication in the case of both untreated and treated alloys.

The =n-AlgMgsFeSig, AlSiTi compounds, and Bi-Sb
and Pb-rich particles, as revealed by SEM investigation
(Figure 4), appeared in the interdendritic regions. The
Bi-Sb and Pb-rich particles were in the size range of few
um with rounded or blocky morphologies.

The precipitation characteristics of various phases
observed in the microstructure are elaborated and
discussed in detail in the next sections.
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Fig. 2—Cooling curves of Al-7Si-3Cu-0.3Mg alloy in (@) untreated state and (b) after Al-5Ti-1B and Sr treatment. The corresponding first

derivatives are plotted.

Fig. 3—Optical micrographs from (a) untreated and (b) treated Al-7Si-3Cu-0.3Mg alloys. The main phases are indicated throughout.

C. Primary a-Al Phase

The characteristic temperatures obtained from the
cooling curves and referred to the formation of the a-Al
are plotted in Figure 5. The variation in the pouring
temperature had no significant influence in the nucle-
ation and growth temperatures of «-Al in both untreated
and treated Al-7Si-3Cu-0.3Mg alloys. After Al-5Ti-1B
grain refiner addition, the nucleation and growth of a-Al
phase occurred at the early stage of solidification, i.e., at
higher temperatures by about 6 K (6 °C) compared to
the untreated molten bath. This is due to heterogeneous
nucleation during solidification, resulting from the
presence of Ti atoms for growth restriction and Al;Ti,
TiB, particles that act as nucleating sites for a-Al?"*%

It has been reported how the recalescence parameters,
trec, Which is the duration of the recalescence period
(tree = tgrowth — fmin)> and T, which is the difference
between «-Al growth and minimum temperatures
(Tree = Tgrowth — Tin), can yield the best correlation
with the grain size."” = The recalescence parameters
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significantly decreased with Al-5Ti-1B grain refiner
addition in current investigations (Figure 5); this further
evidences an improvement in the efficiency of grain
refinement.

It is also known how the difference in the nucleation
and growth temperatures (I'ng = Thue — Terowtn) has
been used to assess the grain refinement efficiency.[”) If
the nucleation of primary «-Al dendrites starts at or
above the steady-state growth temperature, or Tng = 0,
new o-Al crystals can form not only from the regions in
contact with die walls but also directly in the liquid mass
ahead of the %rowing crystal front throughout the
casting section.” In the present work, Tng was
observed to be positive in all studied conditions
(Figure 5). This is an indication of how the initial Ti
content in the base alloy can induce a rough and partial
grain refinement of the material./”

A significant refinement of the grain structure with the
addition of grain refiner was also confirmed by
macrostructural investigations, as shown in Figure 6.
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The untreated alloy exhibits coarse and a mixture of
columnar and equiaxed grains, whereas a finer equiaxed
and homogeneous grain structure was observed in the
grain-refined material.

The influence of pouring temperature was revealed as
being insignificant in grain evolution in the present
experimental conditions. The average grain size in the
untreated conditions is about 1600 ym with a standard
deviation of about 900 um. After the Al-5Ti-1B addi-
tion, the average grain size and the corresponding
standard deviation reduced by about 5 and 10 times,
respectively (see Figure 7). The present results seem to
be inconsistent with References 10, 11, and 25, where the
pouring temperature is believed to affect the stability
and the number density of nucleating substrates. Both
thermal and macrostructural results confirm here how
the grain refinement efficiency remained apparently
unaffected by the variation of pouring temperature.

It has been reported how Zr and V can replace some
atoms of Ti in TiB, or Al;Ti due to their similarity in

METALLURGICAL AND MATERIALS TRANSACTIONS A
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Fig. 6—Grain structure in (a) untreated and (b) treated Al-7Si-3-
Cu-0.3Mg alloys.
3200
2800
2400
2000+
1600
1200 +
800 +
400 +

Grain size, um

973 K 1073 K 973 K 1073 K
Untreated alloy Treated alloy

Fig. 7—The evolution of o-Al grains in untreated and treated Al-7-
Si-3Cu-0.3Mg alloys as a function of the pouring temperature. The
standard deviations are given as error bars.

atomic radius, and thus, reduce the potency of sub-
strates.®2¢ 2% The role of Zr (0.05 wt pct) in deactivat-
ing TiB, particles appears to be significant esg)ecially at
higher melt superheats, ~1073 K (800 °C).’?*! How-
ever, no evidence of the poisoning effect of Zr, which is
present as an impurity in the supplied material, was
observed in the present work. This behavior can be
explained by the low amount of Zr (see Table I) in the

METALLURGICAL AND MATERIALS TRANSACTIONS A

initial alloy, which does not significantly interact with
TiB, particles.

Zirconium tended to dissolve more favorably into
Al;Ti particles together with Si, V, and Mn, contribut-
ing to the formation of undesired and primary AISiTi
particles in the microstructure (Figure 8). Microstruc-
tural analysis reveals the presence of primary AlSiTi
intermetallic compounds only in the treated Al-7Si-3-
Cu-0.3Mg alloy (Figure 8). This is likely due to the
increased Ti level in the treated alloy that exceeds the
solubility limit in the a-Al solid solution.?” It has been
stated how the interaction of Si with Ti can take place
directly in the melt at certain Si and Ti concentrations in
Al alloy.B% Although the solubility of V and Zr into the
AISiTi particles has been l?reviously confirmed and
documented in the literature,®! the solubility of Mn in
AISiTi particles was revealed for the first time to the best
knowledge of authors. It can be noted that the existence
of Zr, Mn, and V as impurities in the material can result
in further stabilization of undesired AlSiTi phase in the
microstructure, i.e., the formation of primary AISiTi
particles can be further promoted or the number density
and size of AlSiTi particles can be enhanced, leading to
the deterioration of the material’s performance.

Considering these aspects, the optimization of grain
refiner’s level in secondary Al foundry alloys, containing
Ti, V, and Zr as impurities, appears to be much more
complicated than the process optimization in primary
alloys.

It has been also shown how V can dissolve into
p-AlsFeSi ghase and it has no apparent influence on the
grain size;®? however, in the present study, vanadium
accumulates more preferably into primary Ti-bearing
precipitates rather than to the f-AlsFeSi phase
(Figure 8). This behavior can be due to the low level
of V in the present experimental alloy (Table I).

D. AIl-Si Eutectic

The characteristics of the Al-Si eutectic reaction were
also determined from the thermal analysis and are shown
in Figure 9(a), which clearly illustrates how varying the
pouring temperature tends not to cause any remarkable
changes in the eutectic reaction of untreated alloy; thus,
T'growth remained almost constant around 839 K (566 °C).
In the treated Al-7Si-3Cu-0.3Mg alloy, the lower the
pouring temperature, the more depression in the nucle-
ation and growth temperatures of eutectic was observed.
It is well known how the depression in the eutectic
temperature can be used as an indicator of the extent of Si
structure modification expected in the casting: lower
eutectic temperature indicates greater modification
effect.®™ The Sr modification in present study caused a
drastic reduction of the eutectic temperature by ~10 K
(10 °C). A slight increase in the nucleation and minimum
temperatures of the eutectic reaction with increasing the
pouring temperature in treated Al-7Si-3Cu-0.3Mg alloy
(see Figure 9(a)) is due to Sr fading in the molten bath, as
a result of melt oxidation upon prolonged holding time at
higher temperature. This behavior is explained earlier in
detail in Section II-A.
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The extent of Si particles’ modification was also
assessed by the microstructural investigation. It can be
seen in Figures 3 and 9(b) how the Sr addition changed
the size and morphology of eutectic Si. The treated
samples exhibit a partially modified microstructure, with
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Fig. 10—The effect of pouring temperature on the solidification
characteristics of Cu-rich precipitates in Al-7Si-3Cu-0.3Mg alloy be-
fore and after combined Sr modification and grain refinement with
Al-Ti-B.

Table III. Average EDS Results of the Different
Fe-Intermetallic Phases (Atmospheric Percent)

Alloy Al Si Fe Mn Cr Mg Cu
Aljs(Fe,Mn);Si, 73 11 11 2 0.14 —  bal
AlsFeSi 70 17 10 1 — —  bal.
AlgMgsFeSig 61 23 35 — — 10 bal

regions of refined and fibrous eutectic silicon. This
behavior is more likely due to poor Sr addition and low
cooling rate during thermal analysis.*)

Several trace elements such as Bi and B can induce a
negative impact on the efficiency of Sr modifica-
tion.**3¢! However, no interactions of trace elements,
such as B and Bi with Sr were detected in the present
study. This could be due to a low content of trace
elements that do not react with Sr.¥7-%

IV. CU-RICH COMPOUNDS

Two different types of Cu-rich phases were observed
in the microstructure: 0-Al,Cu and Q-AlsSigCu,Mg;g.
The Al,Cu phase appeared as a predominant Cu-rich
phase in the microstructure. It seems that the both
Al,Cu and AlsSigCu,Mgg particles crystallized sequen-
tially or at the same time; thus, the relative peak of
AlsSigCu,Mgg phase in the first derivative of the cooling
curve was more likely overlapped by the peak associated
with the formation of Al,Cu compounds. Therefore, in
this study, the evolution of a relative peak in the first
derivative of cooling curves (Figure 2) seems to be the
result of a mutual contribution of AlLCu and AlsSie.
Cu,Mgg phases. A sketch of the solidification charac-
teristics of Cu-rich compounds in the alloys investigated
is given in Figure 10. The impact of pouring tempera-
ture on the solidification parameters of Cu-rich com-
pounds seems to be negligible, whereas the chemical
treatment of the base material with Al-Sr and Al-Ti-B
shifted the nucleation temperature of Cu-rich particles
to higher temperatures by about 5 K (5 °C) compared to
an untreated alloy. Since the solidification of the present
alloy conditions ends with the precipitation of Cu-rich
particles, the solidus temperature was treated as one of
the solidification parameters of Cu-rich compounds in

(b)

Fig. 11—Backscattered electron micrographs showing (a) coarse primary o-Al;s(Fe,Mn);Si, particle, and (b) fine secondary a-Al;s(Fe,Mn);Si,

particle.
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Fig. 12—Backscattered electron micrographs showing (a) coarse a-Al;s(Fe,Mn);Si, compounds and secondary f-AlsFeSi particles, and (b) the

distribution of f-AlsFeSi particles in eutectic colonies.

the present study. Figure 10 shows how a solidus
temperature shifted upward by ~20 K (20 °C) after Sr
modification and grain refinement with Al-Ti-B, leading
to a reduction of solidification interval. This behavior
seems to be due to segregation of Cu in the regions away
from the Al-Si eutectic colonies after Sr addition.*”’

A. Fe-Rich Compounds

As aforementioned, the Fe-rich compounds precipi-
tated in the untreated alloy are a-Al;5(Fe,Mn);Si, and
n-AlgMg;FeSig phases, whereas the f[-AlsFeSi com-
pounds were revealed in addition to the previous phases
after Sr modification and grain refinement with
Al-5Ti-1B. The o-Al;s(Fe,Mn)s;Si, phase accounts for
the major portion of the Fe-rich phases in both
untreated and treated alloys, while the small-sized
n-phase was rarely observed (Figure 4). Table III shows
the average EDS results of the different Fe-rich phases
precipitated during solidification. The microstructural
investigation reveals that the precipitation behavior of
the o-Al;s(Fe,Mn)3Si, phase in treated alloys differs
from the untreated condition.

The untreated alloy exhibits coarse a-Al;s(Fe,Mn);Si,
compounds appearing with Chinese-script morphology
in the microstructure (Figure 11(a)), as well as finer
a-Alys(Fe,Mn);Si, particles in more irregular shape,
formed within the interdendritic channels
(Figure 11(b)).

The treated alloy indicates the presence of only
initially precipitated o-Al;s(Fe,Mn);Si, compounds.
Small-scale a-Al;5(Fe,Mn);Si, particles were not
observed after the addition of Sr modifier and Al-5Ti-1B
grain refiner. Instead, f-AlsFeSi needles appeared to be
a predominant Fe-rich phase in the interdendritic
channels (Figure 12). It was also observed how some
a-Alys(Fe,Mn);Si, particles can nucleate on primary
AISiTi compounds (Figure 13).
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Fig. 13—Optical micrograph showing the o-Al;s(Fe,Mn);Si, phase
nucleated on AISiTi particles. The sample surface is etched for easy
visualization.

The f-AlsFeSi particles distributed unevenly in the
microstructure, mostly appearing at eutectic colony
boundaries (Figure 12). No evident peak associated
with the precipitation of fS-AlsFeSi in the derivative
curves was observed. This can be explained by a limited
fraction of f-AlsFeSi in the microstructure, as well as
their nucleation occurring over a wide temperature
range.['”)

Microstructural investigations show the existence of
TiB, particles lying adjacent to f-AlsFeSi compounds
(Figures 14 and 15). Considering that this behavior was
observed in many cases, it is, therefore, proposed that
the TiB, particles promoted the formation of f-AlsFeSi
compounds over a-Al;5(Fe,Mn);Si, phase by acting as a
favorable nucleation site, which seems to be consistent
with Reference 40, where it has been demonstrated by
using transmission electron microscopy how TiB, can

METALLURGICAL AND MATERIALS TRANSACTIONS A



Fig. 14—Backscattered electron image of f-AlsFeSi phase with corresponding EDS composition maps, showing the distributions of Al, Fe, Mn,

Si, and Ti elements.

--

Fig. 15—Backscattered electron image of f-AlsFeSi phase with corresponding WDS composition maps, showing the distributions of Ti and B

elements.

nucleate f-AlsFeSi in 6xxx series wrought Al alloys due
to low lattice mismatch. Similar results have also been
reported in Reference 41.

According to Al-Si-Fe-Mn phase diagram presented
in Figure 16, the occurrence of both a-Al;s(Fe,Mn);Si,
and f-AlsFeSi involving reactions can be expected in the
present study. The fact that the AlsFeSi involving
reaction remained unfavorable during solidification of
untreated alloy can be due to a greater undercooling
needed for nucleation of p-AlsFeSi phase, whereas
nucleation of o-Al;s(Fe,Mn)3;Si, seems to be more
favorable on certain substrate in the undercooled melt,
thus avoiding the precipitation of f-AlsFeSi in the
microstructure. In other words, once the segregation
line, presented in Figure 16, crosses line 2a, the
a-Alys5(Fe,Mn);Si, phase starts to form. This phase
continues to crystallize until the segregation line reaches
the line 2b, where the precipitation of both

METALLURGICAL AND MATERIALS TRANSACTIONS A
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Fig. 16—Simplified Al-Si-Fe-Mn phase diagram at 0.2 wt pct Mn le-
vel.' The composition of the base material investigated in this
study is indicated by the point A.
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a-Alys(Fe,Mn);Si> and f-AlsFeSi is expected to occur;
however, due to lack of a potent nucleation site for
p-AlsFeSi, nucleation of «-Aljs(Fe,Mn);Si, seems to
occur more easily. In contrast, in the case of treated
alloy, when the solidification proceeds through the line
2b, the precipitation of f-AlsFeSi was more favorable
due to the presence of TiB, particles, which act as an
effective nucleation site for their formation.

V. CONCLUSIONS

The role of impurity elements and melt superheat on
the efficiency of Sr modification, grain refinement with
Al-5Ti-1B and the precipitation behavior of intermetal-
lic phases in a secondary Al-7Si-3Cu-0.3Mg alloy were
investigated and the following conclusions can be
drawn.

e The variation of pouring temperature had no
apparent influence on the efficiency of grain refine-
ment by Al-Ti-B, indicating how the grain-refining
inoculants remain stable within the studied range of
pouring temperature, and the potency of TiB,
particles remains unaffected by impurities such as
Zr at certain melt superheats.

e Vanadium and Zirconium were found to be more
favorably soluble into primary AISiTi particles,
contributing to a further stabilization and the
increased volume fraction of undesired AISiTi phase.
This behavior can further limit the critical Ti content
needed for effective grain refinement, complicating
the optimization of grain refinement process in
secondary Al-Si alloys.

e The crystallization of primary AlSiTi compounds in
the microstructure can lead to a depletion of solute
content needed for grain growth restriction and the
formation of casting defects due to their coarse and
flaky morphology.

e The effectiveness of Sr modification remained with-
out any apparent contaminating influence of impu-
rity elements.

e The presence of sufficient amount of Mn in base
material completely avoided the formation of unde-
sired f-AlsFeSi compounds by promoting the crystal-
lization of a-Al;s(Fe,Mn);Si, particles throughout the
microstructure. Competitive nucleation during later
stages of solidification in the case of untreated alloy
was also in favor of a-Al; 5(Fe,Mn);Si, over f-AlsFeSi.
However, after Sr modification and grain refinement
with Al-Ti-B, the f-AlsFeSi phase also appeared in the
microstructure nucleating on TiB, particles.
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Abstract

The effect of grain refiner addition on the precipitation of
Fe-rich compounds in secondary AlSi7Cu3Mg has been
studied. Thermal and metallographic analysis techniques
have been used to examine the formation of Fe-bearing
intermetallics. The results show that grain refinement with
AITi5BI1 can alter the precipitation sequence of Fe-rich
phases. In non-grain refined alloy and grain-refined alloy
with  AlTil0, two different Fe-rich phases, o-
Al;s(Fe,Mn);Si, and w-AlgMgs;FeSis, form, whereas, with
AlTi5B1 addition, the -AlsFeSi phase also tends to crys-
tallize, nucleating on TiB, particles. It has also been

demonstrated how at high cooling rates, the [3-AlsFeSi-
involved reactions occur more preferentially, when com-
pared to o-Al;s(Fe,Mn)3;Si, phase. This crystallization
behaviour is explained in terms of phase diagram rela-
tionship and the nucleation kinetics of competing
o-Al;s(Fe,Mn)sSi, and [-AlsFeSi phases.

Keywords: Al-Si alloys, grain refinement, microstructure,
thermal analysis, Fe-rich intermetallics, cooling rate

Introduction

Al-Si alloys are widely used in the automotive industry
due to their attractive strength to weight ratio as well as
superior casting characteristics. In addition, the excellent
recyclability of Al-Si alloys favours massive use of sec-
ondary (recycled) alloys in the foundry industry, as sec-
ondary Al alloys production has significant cost advantages
in comparison with primary Al alloys. However, the
presence of several impurity elements in recycled materials
can lead to the deterioration of mechanical properties, as
well as the final quality of cast components.

Iron is one of the most harmful impurities in Al-Si foundry
alloys. Due to its low solid solubility in a-Al, strong seg-
regation of Fe into the interdendritic regions occurs during
solidification, leading to the formation of various Fe-rich
phases, such as o-AlgFe,Si or a-Al;s(Fe,Mn);Si,,
B-AlsFeSi, 5-Al FeSi;, N-Al;Cu,Fe and m-AlgMgsFeSig
phases, depending on the cooling rate and the alloy
composition.'?
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Among various Fe-rich phases, B-Fe is considered to be the
most undesired one. The high-stress concentrations located
near sharp edges of B-Fe particles as well as the weak bond
between the B-Fe phase and the Al matrix promote crack
initiation, thus decreasing the ductility of the castings.’ The
platelet morphology of this phase creates feeding difficul-
ties during solidification, leading to porosity formation.*
Furthermore, the B-Fe compounds are brittle and hard
which is deleterious to the machinability of cast parts.”

The formation of B-Fe in the microstructure can be avoided
by various techniques: (1) alloying with transition elements
such as Mn, Cr, V, Ni; (2) alloying with Sr; (3) rapid
solidification; (4) melt superheating.’

The most common technique to neutralize/minimize the
adverse effects of Fe is Mn addition. The weight ratio
between Fe and Mn, that is needed to avoid the formation
of B-Fe particles, depends on both the content of Fe and the
cooling rate.” However, the ratio of 2:1 between Fe and Mn
has been generally accepted as an optimum level.
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Several studies have focused on understanding the metal-
lurgical parameters affecting the precipitation behaviour of
B-Fe.”® Recently, the nucleation mechanisms and growth
kinetics of B-Fe phase have been thoroughly assessed by
means of real-time in situ synchrotron X-ray tomography.9
However, it seems that the role of grain refinement with
Al-Ti-B on the formation of Fe-rich phases is not well
understood and conflicting data exist in the literature. It has
been stated that refinement of -Fe particles can occur after
Al-Ti—-B addition,'®!! whereas, in other studies,'*'® the
grain refinement with Al-Ti-B exerted opposite impact.
Since grain refinement is a common practice in foundries to
improve the material’s performance, understanding the
effect of grain refiner addition on the formation of Fe-
bearing intermetallics is of great importance.

The aim of this study is to investigate the influence of
AITi5B1 and AITil0 grain refiner additions on the pre-
cipitation of Fe-rich compounds in secondary AlSi7Cu3Mg
alloys under different cooling conditions.

Experimental Details
Thermal Analysis

A secondary AlSi7Cu3Mg (wt%) alloy, supplied by
Raffineria Metalli Capra, was adopted as a baseline mate-
rial. AlTi5B1 rods and AlTi10 waffles were used to grain-
refine the material. Although Sr modification is a well-
accepted practice for AlSi7Cu3Mg alloys in Al foundry,
this step was not carried out in the preset study as Sr itself
has an apparent influence on the formation of Fe-rich
phases.'*!?

Thermal analysis experiments were conducted for three
different alloy combinations: non-grain-refined (as sup-
plied), AITiSB1- and AlTilO-grain-refined AlSi7Cu3Mg
alloys. The melting of the material was performed in a SiC
crucible in a resistance-heated furnace at 750 °C (1382 °F).
The molten metal was held for at least 120 min to obtain
homogeneous liquid phase. Then, the melt was stirred and
skimmed to remove dross prior to pouring into a boron
nitride-coated cylindrical steel cup (outer diameter 45 mm,
height 60 mm and a uniform wall thickness of 3 mm)
preheated to 700 °C (1292 °F). A minimum of two thermal
analyses were made for each alloy condition. Samples for
chemical analysis were poured prior to each set of thermal
analysis experiments. The chemical composition of the
experimental alloys, measured by optical emission spec-
trometry, is shown in Table 1. Other elements such as Zr,
V, Ca, Sn, Bi, P and Sb are present in amounts less than
0.01 wt% and are not included in Table 1.

The two-thermocouple method was used for thermal

analysis experiments. The tips of the thermocouples in
contact with the melt were covered with tightly fitting steel
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tubes. The data were collected using a data acquisition
system with a sampling frequency of 4 s~, analogue-to-
digital converter accuracy of 0.1 °C (32.18 °F). Two
thermocouples were inserted into the melt, one in the
centre and one adjacent to the wall, 30 mm below the
surface of the sample. The system was allowed to air cool
and gave an average cooling rate of 0.17 + 0.1 °C/s
(32.306 £ 32.18 °F/s) in the solidification interval. Cooling
curves and corresponding derivatives were used to deter-
mine the characteristic temperatures related to the forma-
tion of phases based on the first derivative cooling curve
approach.16

Step Casting

The base material was melted in an electrical resistance
furnace and heated to 750 & 5 °C (1382 + 41 °F/s). The
melt was held at this temperature for about 120 min in
order to ascertain that all phases were completely melted
and that the melt was homogeneous. The melt was then
stirred and surface-skimmed, followed by pouring into the
cavity of the preheated die. The remaining molten metal
was grain-refined by AITi5SB1 with a contact time of at
least 20 min prior to pour. Chemical analysis was per-
formed after each pour and the results obtained were
similar to those, observed in the case of thermal analysis
experiments for both non-grain refined alloy and grain-
refined alloy with AITi5B1, shown in Table 1.

The geometry of the step casting used in the present study
is presented in Reference 10. The AISI H11 die used in this
study is designed to make castings with four different
thicknesses ranging between 5 and 20 mm. Al,O; foam
filters (30 ppi) were used for each casting to allow a smooth
flow of the molten metal into the die cavity. A layer of
boron nitride coating was sprayed at 200 °C (392 °F) on
the inner die surfaces. Before pouring, the temperature of
the die was increased to 390 + 10 °C (734 4+ 50 °F). The
temperature was monitored by means of thermocouples
embedded in the die to ensure a good reproducibility of the
tests. The working temperature of the die was in the range
of 390-450 °C (734-842 °F).

Metallographic Characterization

Thermal analysis samples were cut along the central axis of
the cylinder. Samples for microstructure analysis were
sectioned near the tip of the thermocouples in order to
correlate the thermal analysis parameters with the micro-
scopic observations. Step castings were halved along the
main axis. Then, all samples were mounted, ground and
polished using the standard procedure. Optical microscopy
(OM), scanning electron microscopy (SEM) coupled with
energy-dispersive (EDS) and wavelength-dispersive spec-
trometry (WDS) were used to characterize the type and
morphology of Fe-rich phases in as-cast microstructure.
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Table 1. Chemical Composition of the Experimental Alloys (wt%)

Alloy Si Fe Cu Mn Mg Zn Cr Ni Ti Pb B Al

A (AISi7Cu3Mg) 7.57 0.44 3.1 0.23 0.31 0.77 0.04 0.02 0.01 0.04 0.001 bal
A + AlTi5B1 7.42 0.43 3.0 0.22 0.30 0.72 0.04 0.02 0.14 0.04 0.017 bal
A + AITi10 7.29 0.43 3.0 0.22 0.31 0.76 0.04 0.02 0.14 0.04 0.001 bal

Several backscattered electron (BSE) images, representing
a total area of 10 mm?, were captured from each step of
casting to investigate the distribution of B-Fe particles in
the microstructure.

Results and Discussion
Thermal Analysis

The cooling curves of both non-grain-refined and grain-
refined alloys in the region of primary o-Al formation
(Figure 1) clearly show the effect of the grain refinement. It
is known that the recalescence, which is the difference
between growth and minimum temperatures, can be
strongly correlated with the grain refinement level.'” It can
be seen in Figure 1c that the recalescence is almost zero in
alloy grain-refined with AITi5SB1, indicating an important
role of TiB, particles for the grain refinement. The influ-
ence of AITilO addition on refining o-Al grains is also
clearly evident from the corresponding cooling curve
(Figure 1b); however, the AITilO appears not to be as
efficient as AITi5SB1 (Figure lc).18

Typical microstructures obtained from non-grain-refined
and grain-refined alloys are shown in Figure 2. In general,

the microstructure consists of o-Al matrix, eutectic Si
network, Cu- and Fe-rich phases. In both non-grain-refined
and grain-refined alloys, the o-Al;5(Fe,Mn);Si, accounts
for the major portion of the Fe-rich phases. A limited
number of n-AlgMg;FeSig particles in a size range of few
microns were observed in all alloy conditions. Needle-like
B-Fe particles appear in the microstructure of alloy grain-
refined with AITi5B1, whereas no evidence of B-Fe phase
formation is observed in non-grain-refined and AlTil0-
grain-refined structures (Figure 2). Figure 3 shows the
morphology and the EDS analysis results of three different
Fe-rich phases.

From the cooling curves and the associated first deriva-
tives, no evident peak related to the formation of Fe-rich
phases was detected; however, a small peak indicated by
arrow in Figure lc appears only after grain refinement with
AITi5B1 and this is thought to be consequence of o-Fe
formation. The absence of similar peaks in the cooling
curves of both non-refined alloy and grain-refined alloy
with AITil0 (Figure 1) can be due to overlapping by the
neighbouring peak indicating the formation of a-Al, since
the growth of primary a-Al takes longer time in these two
alloys, as compared to grain-refined alloy with AITiSB1
(see Figure 1). The simplified Al-Si—-Fe-Mn phase dia-
gram at constant Mn level (0.2 wt%) and the solidification
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Figure 1. Cooling curves of AISi7Cu3Mg alloy (a) before the grain
refinement, after addition of (b) AITi10 and (c) AITi5B1 grain refiners.
The corresponding first derivatives are also presented.
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Figure 2. Typical microstructures of (a) non-grain-refined, (b) AlTi10- and (c) AlITi5B1-grain-refined

AISi7Cu3Mg alloy.
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Figure 3. Backscattered electron images showing (a) Al;s(FeMn);Si, and AlsFeSi phases, and
(b) AlgMgsFeSis compounds with the corresponding EDS spectra and composition (in at.%).

path depicted on the Al-rich corner (Figure 4) show how
a-Fe phase is expected to solidify by following the primary
a-Al phase.

Although the microstructural investigation of the alloy
grain-refined with AITiSB1 revealed the existence of B-Fe
intermetallics throughout the microstructure (Figure 2c),
no peak associated with their formation in the cooling
curve and the first derivative was observed. This can be
explained by a limited fraction of p-Fe in the
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microstructure, as well as their nucleation occurring over a
wide temperature range.” The precipitation of B-Fe is
mainly classified by a two sequences: (1) pre-eutectic, i.e.
prior to the (Al)-Si eutectic reaction, in the form of a two-
phase (Al)-B-AlgFe,Si, eutectic reaction, and (2) co- or
post-(Al)-Si eutectic in the form of a three-phase (Al)-Si—
B-AlgFe,Si, eutectic reaction.'® According to the Al-Si—
Fe—Mn phase diagram presented in Figure 4, the occur-
rence of both B-Fe reactions can be expected in the present
study. Considering that B-Fe formation occurs only in the
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Figure 4. Simplified Al-Si-Fe—Mn phase diagram at 0.2
wt% Mn level.>’ The composition of the base material
investigated in this study is indicated by the point A.

Table 2. Average Secondary Arm Spacing, /., Measured

in Different Steps (with Corresponding Standard Devia-

tions) and the Corresponding Cooling Rates Calculated
According to Eqn. 1 are Reported

Step thickness (mm) A2 (um) Cooling rate (°C/s)
5 18 (2.5) 11.8
10 23 (3.4) 51
15 25 (3.9) 41
20 31 (4.8) 2.1

case of alloy grain-refined with AITiSB1 and not in the
cases of non-refined alloy and grain-refined alloy with
AlTil10, it is believed that some o-Fe particles appearing in
the microstructure of non-refined alloy and grain-refined
alloy with AITil0 are in metastable state, forming in
preference to B-Fe phase. The precipitation kinetics of Fe-
rich phases (a-Fe and B-Fe) is discussed in detail in the
next sections.

Influence of Cooling Rate

The cooling rates in the different steps of the casting were
estimated by the secondary dendrite arm spacing, A,

according to the empirical equation®:

Jp = 39.4R™0317 Eqn. 1

where R represents the mean cooling rate of the primary
o-Al dendrites during solidification. The average 4, values
with corresponding standard deviations and the estimated
cooling rates are listed in Table 2.

Typical microstructures obtained from the step castings
produced from non-refined alloy are shown in Figures 5a, b
and 6a, b. In the non-refined alloy, a-Fe appears to be a
dominating Fe-rich phase (Figures 5a, b, 6a, b), competing
only with a small-sized m-AlgMgsFeSig particles in a
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limited numbers. No reaction involving B-Fe phase took
place during solidification (Figures 5a, b, 6a, b), being
consistent with what was observed in the microstructure of
thermal analysis samples processed from non-refined alloy
(Figure 2c). Increasing the cooling rate up to ~ 12 °C/s
(53.6 °F/s) shows no influence on the precipitation
sequence of Fe-rich phases (Figures 3a, 5a, b, 6a, b), which
seems to agree with Reference 7, where it has been stated
how a-Fe phase appears as a sole Fe-rich phase in Mn-
containing A319 alloy at the cooling rates of up to 10 °C/s
(50 °F/s). However, it has been also demonstrated how
further increase in the cooling rate to 20 °C/s (68 °F/s)
causes the formation of B-Fe compounds in addition to
a-Fe phase throughout the microstructure.” At low cooling
rates (up to 10 °C/s (50 °F/s)), almost all Fe atoms are
bound in crystallization of the a-Fe phase before reaching
line 2b in Figure 4, whereas at high cooling rates (20 °C/s
(68 °F/s)), Fe is partially consumed until the solidification
reaches the line 2b in Figure 4; hence, the remaining Fe is
available to form in a mixture of the a-Fe and B-Fe phases.’

Figures 5c, d and 6¢, d display the typical microstructures
from AlSi7Cu3Mg alloy grain-refined with AITiSB1 mas-
ter alloy. After the grain refinement with AITiSB1, the B-Fe
particles appear to be formed in addition to a-Fe, which is
in agreement with the results of thermal analysis samples
with respect to the precipitation sequence of Fe-rich pha-
ses. However, at high cooling rates, i.e. in the
microstructures from the step casting, needle-like B-Fe
appears to be the dominating Fe-rich phase, followed by
the o-Fe and few n-Fe particles (Figures 5c, d, 6¢c, d).
Qualitative comparison of the microstructures representing
the thermal analysis sample (Figure 2c) and the step cast-
ing (Figure 5c, d) suggests that at high cooling rates, more
Fe seems to be bound to the -Fe phase. This implies that
no evidence of the positive effect of increasing cooling rate
in terms of the transformation of B-Fe into o-Fe has been
observed in the present study. Instead, at higher cooling
rates the o-Fe compounds tend to rarely appear in the
microstructure. This behaviour is in disagreement with
References 21-24, where a higher cooling rate is reported
to eliminate or reduce B-Fe formation; thus, it can be noted
that the influence of grain refinement with AITiSB1 on the
nucleation kinetics of B-Fe phase seems to be significant.
This behaviour is elaborated in the next section.

Quantitative analysis of B-Fe particles shows a decreasing
average length parameter with increasing cooling rate
(Figure 7a); however, high cooling rates also cause the
number density of [B-Fe needles to rise (Figure 7b).
Similar results have been presented in Reference 7, and
this behaviour has been attributed to the displacement of
the nucleation temperature of B-Fe towards lower tem-
peratures with increasing cooling rate, thus reducing the
time available for the growth of B-Fe. Moreover, it is also
well known that the cooling rate can control the nucle-
ation and growth processes, affecting both the number

International Journal of Metalcasting/V olume 11, Issue 2, 2017



a2

D
\ilo.

» ‘- . {\‘\
SR

o

T e

3 2
.

an ol

_’;j’; LJ/L

'

a-Fe \\ ~—
Y B

AA). Ay

B .
> AN

—c—

Figure 5. Optical micrographs taken from (a, ¢c) 5-mm and (b, d) 20-mm steps of step casting. The
micrographs correspond to (a, b) non-grain-refined alloy and (c, d) grain-refined alloy with AITi5B1.

density and the size of microstructural features, such as
B-Fe particles.”>°

Precipitation of AlsFeSi Particles

It is known that the existence of needle-like B-Fe com-
pounds in the microstructure can induce negative impacts
on the material’s mechanical properties. Adding Mn to
promote the formation of a-Fe phase at the expense of B-Fe
is a well-diffused practice in Al foundries, since the non-
faceted o-Fe phase is thought to be less deleterious. It has
been stated how Mn can completely avoid the crystalliza-
tion of B-Fe when the Mn content at a sufficient level;*’
contrarily, it has been also found that adding Mn even at
relatively high levels cannot result in a complete B-Fe to
a-Fe transformation.?! Thus, it can be noted that the
nucleation and growth kinetics of the competing phases,
such as a-Fe and B-Fe, has an essential role in selection of
the phase forming during solidification of an alloy.

In the present study, the PB-Fe particles, as previously
mentioned, tend to precipitate only after the grain refine-
ment of AlSi7Cu3Mg alloy with AITi5SB1. The nucleation
of Fe-rich phases, particularly B-Fe phase, is generally
thought to occur on some substrates such as Al,O5 and AIP
particles,”**° requiring a certain amount of undercooling
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as a driving force. Although both Al,0O; and AIP particles
tend typically to exist in molten Al alloys, their presence in
the liquid bath seems not to facilitate the nucleation of -Fe
during solidification of the base material in the present
investigation conditions, even though the phase diagram
presented in Figure 4 suggests the precipitation of B-Fe
during the later stages of solidification. This behaviour can
be explained by considering the nucleation and growth
kinetics of the o-Fe and B-Fe phases.

The non-faceted o-Fe grows more easily in irregular and
curved crystal form conforming to the complicated shape of
the interdendritic spaces during solidification.®" In contrast,
the B-Fe phase is thought to grow with the twin plane re-
entrant (TPRE) mechanism in a lateral or faceted mode and
contains multiple (001) growth twins parallel to the growth
dire:ction,32’33’33 and thus, there is no need to nucleate a new
plane. Recently, quite a high lateral growth rate of B-Fe
phase has been observed by means of in situ microtomog-
raphy using high-energy X-ray synchrotron.”*’ The faceted
phases have a growth disadvantage over non-faceted phases
due to the relative difficulty in atomic attachment. In other
words, with increasing solidification velocity, and hence
reduced time for growth, a greater degree of undercooling is
required to overcome the barrier to atomic attachment to
(and hence growth of) the faceted phase than to the non-
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Figure 6. BSE images taken from (a, ¢) 5-mm and (b, d) 20-mm steps of step casting. The
micrographs correspond to (a, b) non-grain-refined alloy and (c, d) grain-refined alloy with AITi5B1.
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Figure 7. (a) The average length, and (b) the number density of -Fe particles as function of SDAS
evolution in grain-refined alloy with Al-Ti-B.
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Figure 8. BSE image of AlsFeSi particles with corresponding EDS composition maps, showing the

distributions of Al, Fe, Mn, Si and Ti.

Figure 9. BSE image of AlsFeSi particles with corresponding WDS composition maps, showing the
distributions of Ti and B elements.

Figure 10. BSE images obtained from (a) 20- and (b) 5-mm step thicknesses of grain-refined alloy
with AITi5B1, showing branched f-Fe particles.
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faceted morphology.** Therefore, the metastable o-Fe phase
is thought to dominate at high cooling rates, if compared to
the stable B-Fe particles,’' which agrees well with Reference
34, where it has been demonstrated how the faceted AlgFe
phase can be replaced by non-faceted Al;Fe at higher
solidification front velocities. However, this seems to be the
case when competitive growth becomes more important
rather than competitive nucleation theory, i.e. both the
stable and metastable phases tend to nucleate easily. Con-
sidering that in the present study, the B-Fe phase dominates
at high cooling rates of the grain-refined alloy, as can be
observed by comparing Figure 2c¢ with Figures Sc, d and 6c,
d, it can be implied that the role of the competitive nucleation
model is more relevant than the competitive growth theory in
understanding non-equilibrium solidification of the alloys
investigated.

The fact that the B-Fe-involving reaction remains unfa-
vourable during solidification of a base material can be due
to a greater undercooling needed for nucleation of B-Fe;
however, nucleation of a-Fe seems to be more favourable on
certain substrate in the undercooled melt, thus avoiding the
precipitation of B-Fe in the microstructure. In other words,
once the segregation line, presented in Figure 4, reaches line
2a, a-Fe starts to form. This phase continues to crystallize
until the segregation line crosses the line 2b, where the
precipitation of both a-Fe and B-Fe is expected to occur;
however, due to the lack of a potent nucleation site for B-Fe,
nucleation of a metastable o-Fe seems to occur more easily.

Understanding the mechanism by which the grain refine-
ment of a base alloy with AITi5SB1 causes significant
changes in the precipitation sequence of Fe-rich phase
forming during solidification is crucial. With the intro-
duction of AlTi5B1 master alloys into the melt, a release of
TiB, occurs into the melt. The TiB, particles act as
heterogeneous nucleation for o-AlL*> However, only a
certain amount of TiB, particles can take part in the
nucleation of o-Al; therefore, the remaining TiB, are
pushed towards interdendritic regions by growing den-
drites, then being available to act as nucleation site for the
occurrence of some eutectic reactions.

The EDS and WDS investigations of grain-refined alloy with
AlTi5B1 revealed the presence of TiB, particles adjacent to
B-Fe compounds (Figures 8, 9). This behaviour has been
frequently observed in the present investigation. It is,
therefore, proposed that the TiB, particles promote the
crystallization of B-Fe over a-Fe by acting as an effective
nucleation site, which seems to be consistent with Reference
36, where it has been demonstrated by using transmission
electron microscopy (TEM) how TiB, can nucleate -Fe in
6xxx series wrought Al alloys due to low lattice mismatch.
Similar results have also been reported in Reference 37.

In the present study, the majority of B-Fe compounds tend
to appear in eutectic colonies; thus, it can be concluded that
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TiB, particles, pushed into the remaining liquid by growing
dendrites, are acting as nucleants for B-Fe. This finding
could explain why the addition of Al-Ti-B grain refiner is
causing a thickening of B-Fe, as reported in Reference 12,
and also precipitation of B-Fe at earlier stages of solidifi-
cation.>® The TiB, crystals seem to promote the nucleation
of B-Fe without any need for greater degree of under-
cooling, and as a result, thickening and branching of B-Fe
occur due to the increased solidification range of B-Fe
(Figure 10).

The impact of higher cooling rate on further promoting the
precipitation of B-Fe phase in the microstructure of the alloy
grain-refined with AlTi5B1 can be explained by that at
higher cooling rates, the line 2a in Figure 4, where the o-Fe-
involved reactions are expected to occur, tends to pass
quickly, involving only a small amount of Fe in the crys-
tallization of a-Fe phase. Thus, the remaining Fe is available
for the formation of B-Fe, occurring through the line 2b in
Figure 4. In other words, high cooling rates can provide
greater undercooling, leading to the reduction in temperature
below the melting point of the metastable phase, and as a
consequence, the nucleation of metastable phase can be
favoured if there is no need for a large undercooling for its
formation. A similar observation has been reported in Ref-
erence 8, where the B-Fe is found to nucleate efficiently on
TiB, particles in an alloy containing a higher solute con-
centration, in contrast to the alloys with less alloying ele-
ments, where the TiB, appears to be inactive for B-Fe
nucleation. This behaviour shows the role of constitutional
undercooling in improving the potency of the nucleation
sites.

Conclusions

The influence of AITil0 and AITi5SB1 addition on the
precipitation behaviour of Fe-rich intermetallics in sec-
ondary AlSi7Cu3Mg alloys has been studied. The follow-
ing conclusions can be drawn from this work.

e The presence of transition elements such as Mn,
Cr and V is able to completely avoid the formation
of B-Fe phase in non-grain-refined and AlTil0-
grain-refined alloys.

e The AITi5B1 grain refinement of the base alloy
alters the precipitation sequence of Fe-rich phases.
The B-Fe particles are the dominating Fe-rich
phase in the microstructure, particularly at higher
cooling rates.

e The TiB, particles are favourable substrates for
nucleation of B-Fe crystals.

e In the considered experimental conditions, the
cooling rate has no influence on the precipitation
sequence of Fe-rich phases in non-grain-refined
and AITi5B1- or AlTil0-grain-refined alloys.
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Abstract

Effect of adding varying levels of Al-5B (400 and 800 ppm B) and Al-5Ti-1B (40 and 80 ppm B) grain refiners on the
formation of Fe-rich intermetallics in secondary Al-7Si-3Cu-0.3Mg alloy has been investigated using metallographic analysis
technique. While non-refined alloy exhibits a-Alis(FeMn);Sis as a sole Fe-bearing phase in the microstructure, both a-
Alis(FeMn);Sis and B-AlsFeSi tend to form in an alloy refined with Al-5Ti-1B, independently of the cooling rate. Both higher
cooling rate and higher Al-5Ti-1B addition levels promote B-AlsFeSi formation over a-Alis(FeMn)sSi, in alloy refined with Al-
5Ti-1B. In contrast, grain refinement with Al-5B shows no influence on the precipitation sequence of Fe-rich phases,
independently of cooling rate and grain refiner addition levels. Changes occurring in the crystallization of Fe-rich phases is
explained in terms of phase diagram relationship and the nucleation kinetics of Fe-rich phases (B-AlsFeSi and a-
Ahj(FﬁMl’l);Siz).

Keywords: Al-Si Alloys, Fe-rich Phases, Grain Refinement

1. Introduction higher Si concentrations in Al-Si alloys, research still
continues to develop new types of grain refiners. Al-B can
Iron is generally considered the most harmful impurity in be a substitute for Al-Ti-B system because AlB, particles
Al-Si alloys; due to its low solubility in a-Al matrix, the have been found to be highly efficient in grain refinement
precipitation of Fe-rich phases, such as platelet-like B- of Al-Si alloys with higher Si levels [3]. It can be of interest
AlsFeSi or Chinese script-like a-Alis(Fe,Mn)sSi,, form to compare the performance of two different grain refiners
during solidification. Since B-Fe is more deleterious than (AL-Ti-B and AL-B) in terms of reactions involving Fe-rich
a-Fe, different techniques have been developed to promote intermetallics.
the precipitation of the latter phase; among them, Mn This study is aimed to investigate the effects of adding
addition in the level of around half of Fe is the most different levels of A'B and ALTi-B grain refiners on the
common method [1]. formation of Fe-rich intermetallics in secondary Al-7Si-
Recently, it has been demonstrated by present authors 3Cu-0.3Mg alloy.

how Mn can completely avoid the formation of B-Fe in

non-grain-refined secondary Al-7Si-3Cu-0.3Mg alloys; 2. Experimental procedure

however, after grain refinement treatment with Al-5Ti-1B,

both a-Fe and B-Fe appear in the microstructure. This In this study, a secondary Al-7Si-3Cu-0.3Mg-0.44Fe-

behaviour is thought to be attributable to the role of TiB> 0.24Mn-0.7Zn-0.02Ti (equivalent to the US designation
A320) was used as base alloy. The material also contained

other elements such as Zr, V, Ca, Bi, P and Sb in amounts
less than 0.01 wt.% as impurities. Al-5Ti-1B and Al-5B (in
wt. %) master alloys were used to grain refine the material.

About 3 kg charge of base alloy was melted in a SiC
crucible in an electric furnace at 750°C. After complete
dissolution, the melt was stirred and surface skimmed,
followed by a 10 min of holding. The molten metal was
then cast into two different boron nitride-coated
cylindrical steel moulds, one with inner diameter of 50 mm

particles in easily nucleating B-Fe at lower undercooling
[1-2]. Further investigations are necessary to determine the
effect of adding lower levels of Al-5Ti-1B on the formation
of Fe-rich phases and, thus, gain further understanding
about the role of grain refinement in the nucleation and
growth of Fe-rich compounds.

Chemical grain refinement via melt inoculation with
Al-5Ti-1B master alloys is a common practice in foundries
to improve the material's performance. As the grain
refining performance of Al-5Ti-1B is negatively affected by
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and height of 60 mm, the other with inner diameter of 20
mm and height of 100 mm, both preheated at 550°C. The
remaining liquid was grain refined by pre-calculated
amount of Al-5Ti-1B master alloy to produce alloys with
increased B (40 and 80 ppm) and Ti (400 and 600 ppm)
levels. Similarly, a separately-melted 3 kg of base alloy was
treated with pre-calculated amount of Al-5B master alloy
to produce alloys with increased B levels (400 and 800
ppm). The molten metal was stirred 5 min after metal
treatment and the holding time between stirring and
pouring stages was 20 min. Specimens for chemical
analysis were poured prior to each set of experiments and
analysed by optical emission spectrometry. While the
measured chemical composition in alloys refined with Al-
5Ti-1B was similar to the target values, the measured B, Ti,
V and Zr levels in alloys refined with Al-5B were lower
than the target concentrations due to the formation and
then removal of transition metal diborides (TiBs, ZrB> and
VB,) settled at the bottom of the crucible. Average values
of secondary dendrite arm spacing (SDAS) in the
specimens poured in large- and small-diameter moulds
were about 60 pm and 20 pm, respectively.

Samples were sectioned at 30 and 25 mm from the
bottom surfaces of large- and small-diameter castings,
respectively, mounted ground and polished using the
standard procedure. Optical microscope (OM), scanning

electron microscope (SEM) equipped with energy-
dispersive (EDS) and wavelength-dispersive spectrometers
(WDS) were used for microstructural investigations.
Several optical micrographs, representing a total area of 6
mm?, were captured from each specimen to investigate the
area fraction of B-Fe particles in the microstructure.

To quantitatively calculate the grain size, the polished
specimens obtained from large-diameter castings were
etched in concentrated Keller's reagent (7.5 ml HNO3, 2.5
ml HF, 5 ml HCl and 35 ml H,0). The grain size was
measured using the intercept method.

3. Results and discussion
3.1 Grain refinement with Al-5Ti-1B master alloy

Microstructural characterization confirms the refined
grain structure obtained after the addition of grain refiners;
greater Ti and B levels induce better grain refinement level
(Table1).

It is also well-known that the majority of TiB; particles
added into the melt do not contribute to the nucleation of
a-Al grains, and, as a result, these particles can be pushed
to interdendritic regions, where they can be active to
nucleate certain eutectic phases.

S /g ool
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Figure 1: Typical microstructures representing (a,c) the base alloy and (b,d) the alloy refined with Al-5Ti-1B (80 ppm B). The micrographs
correspond to specimens produced with (a,b) large-diameter mould (60 pm SDAS) and (¢,d) small-diameter mould (20 pm SDAS). The

samples were etched to highlight Fe-rich compounds.
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Table I: Average grain size and corresponding standard deviation
(in mm) measured in base alloy (0 ppm B) and after metal
treatment with Al-5Ti-1B (40 and 80 ppm B) and Al-5B (400 and
800 ppm).

B content (ppm)

0 40 80 400 800

2.1 (08) 06(02) 044(0.1) 08(0.2) 041 (0.1)

Table 2: Average area fraction (%) of B-Fe phase observed in the
base alloy (0 ppm B) and after grain refinement with Al-5Ti-1B (40
and 80 ppm B) and Al-5B (400 and 800 ppm), cast in large-
diameter (60 pm SDAS) and small-diameter (20 pm SDAS)
moulds.

B content (ppm)

SDAS
40 80 400 800
60 - 0.15 0.2 - -
20 - 0.31 0.47 - -
- Not revealed from OM analysis
1.5+
. Al FeSi
o 4 -Al,s(FeMn),Si, :
N -~
=1
ER
A
0.5+ o
G T l T ‘ T I T l T I T
7 8 9 10 1" 12 13
wt.% Si

Figure 2: Simplified Al-Si-Fe-Mn phase diagram at 0.2 wt.% Mn
level [4]. The composition of the base material investigated in this
study is indicated by the point A.

Table 3: Average EDS results of o-Fe and p-Fe phases (at.%).

Alloy Al Si Fe Mn Cr Cu
a-Alis(Fe,Mn)sSi 73 1111 2 0.14 bal
B-AlsFeSi 70 17 10 | - bal.

In a previous research [1], it has been demonstrated
how the addition of Al-5Ti-1B grain refiner (170 ppm B)
favours the precipitation of B-Fe compounds. The present
investigations also confirm that the precipitation sequence
of Fe-rich compounds varies after Al-5Ti-1B addition
(Figure 1) and this occurs independently of the grain

refiner levels. While a-Fe appears as a sole Fe-rich phase in
the base alloy regardless of the cooling rate, both a-Fe and
B-Fe tend to form in the alloy refined with Al-5Ti-1B
independently of the addition levels and the cooling rate;
however, both high cooling rate and Al-5Ti-1B grain
refinement tend to promote B-Fe formation at the expense
of a-Fe (Table 2).

The simplified Al-Si-Fe-Mn phase diagram at constant
Mn level (0.2 wt.%) and the solidification path depicted on
the Al-rich corner (Figure 2) show how the occurrence of
both o-Fe and B-Fe reactions can be expected in the
present study. The fact that the B-Fe involving reaction
remains unfavourable during solidification of the base
material can be due to a greater undercooling needed for
the nucleation of B-Fe; however, nucleation of a-Fe seems
to be more favourable on certain substrate in the
undercooled melt, thus avoiding the precipitation of p-Fe
in the microstructure.

In contrast, solidification of the alloy refined with Al-
5Ti-1B proceeds by involving both a-Fe and B-Fe
reactions. This suggests the melt contains certain particles
which facilitate nucleation of B-Fe at low undercooling.
The WDS investigations revealed the presence of TiB,
particles adjacent to B-Fe compounds (Figure 3); thus, the
TiB; particles are thought to be directly responsible for the
formation of B-Fe. TiB, particles appear to act as an
effective nucleation site for B-Fe phase [5].

Higher cooling rate tends to further promote B-Fe
formation in the material refined with Al-5Ti-1B (Figure 1
and Table 1); B-Fe needles become the dominant Fe-rich
phase largely replacing o-Fe in the microstructure. Greater
undercooling provided by higher cooling rates causes the
solidification to proceed through the line 2a quickly (see
Figure 2), involving only a small amount of Fe in the
crystallization of a-Fe phase. As a result, the remaining Fe
is available for the formation of B-Fe, occurring through the
line 2b, where the precipitation of -Fe compounds occur
more favourably due to the presence of potent substrates,
TiB,, for their nucleation.

The chemical compositions of a-Fe and B-Fe phases,
analysed by EDS, are presented in Table 3; it is evident that
Mn has also a strong solubility in B-Fe phase, indicating
that the local chemistry is favourable for the occurrence of
both a-Fe and B-Fe reactions.

Ti

Figure 3: Backscattered electron image of B-AlsFeSi with corresponding WDS composition maps, showing the distributions of Ti and B.
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Figure 4: Typical microstructures of alloy refined with Al-5B (800 ppm B), and cast in (a) large diameter mould (60 pm SDAS) and (b) small
diameter mould (20 pm SDAS). The samples were etched to highlight Fe-rich compounds.

3.2 Grain refinement with Al-5B 4. conclusions
It is clear from Figure 4 how Al-5B grain refiner (800 ppm
B) is quite efficient in refining the grain structure of base The influence of Al-5B and AL-5Ti-1B addition on the
alloy and it is comparable with Al-5Ti-1B grain refiner. precipitation of Fe-rich intermetallics in secondary Al-7Si-
However, it has to be noted that part of B react with Ti, Zr 3Cu-Mg alloy was investigated. The following conclusions
and V, which are present in the base alloy as trace elements can be drawn from this work.
(impurities), to form transition metal diborides (TiB,, ZrB, L. Grain  refinement  with ~ ALSTi-IB alters  the
and VB,) directly in the melt. Therefore, the required level precipitation sequence of Fe-rich phases by promoting
of Al-B master alloy should be in excess of that needed for the crystallization of B-Fe in the microstructure; both
the formation of TiB,, ZrB, and VB; in order to achieve high cooling rates and great addition of grain refiner
effective grain refinement. In this study, 400 ppm of B tend to increase the volume fraction of B-Fe at the
added seems to be mainly involved in the formation of expense of a-Fe. TiB, particles appear to be directly
transition metal diborides and lesser amount of B remains responsible for B-Fe formation due to their action to
available for the formation of AIB, during solidification, heterogeneously nucleate p-Fe.
leading to a moderate grain refinement (see Table 1). 2. Grain refinement with Al-5B shows no influence on
However, the B content in the level of 800 ppm seems to the precipitation sequence of Fe-rich phases. Although
exert effective refinement of the grain structure that occurs AlB; and TiB, are isomorphous and possess similar
in addition to a complete removal of transition metal lattice parameters, AlB, appears not to be a potent
diborides from the melt via settlement. nucleation site for B-F phase, which can be due to the
Figure 4 shows typical microstructures obtained from existence of Al-AlB, eutectic reaction during the early
the alloy refined with Al-5B and processed at two different stages of solidification.

cooling conditions. It is evident that o-Fe appears to be Acknowledgements

again as a sole Ferich phase in the microstructure

regardless of the cooling rate. This implies that the AIB, The author would like to acknowledge Mr. R. Zambelli
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ARTICLE INFO ABSTRACT

The effect of individual and combined Zr, V and Ni additions on solidification path and microstructural evolution
of secondary Al-7Si-3Cu-0.3Mg alloy were investigated using microscopy and thermal analysis techniques. The
results show how the Zr addition caused remarkable grain refinement due to the precipitation of primary pro-
peritectic AlsZr particles that lead to a peritectic reaction to yield a-Al during solidification; however, the
peritectic transformation was incomplete due to a limited solid-state diffusion. Moreover, with Zr addition, few
numbers of flaky (AlSi)3(ZrTi) compounds appeared in the microstructure. Vanadium addition showed also grain
refinement level similar to that of Zr-added alloy. However, the role of V cannot be explained by the
precipitation of primary pro-peritectic particles that would provide potent nucleation sites; instead, vanadium
addition substantially increases the degree of constitutional undercooling, thus activating certain particles to
more easily nucleate a-Al. Excess vanadium were mainly bound to pro-eutectic and polyhedral-shaped
(AlSi)>(VMnTi) compounds. Combined Zr and V addition exerted better grain refinement level than the
individual Zr or V addition; this occurred due to both increased the population of Al;Zr phase particles as a result
of its enrichment with V, and enhanced the degree of constitutional undercooling. Nickel addition exerted no
apparent influence on the formation of both a-Al and eutectic Si; however, significant changes occurred in the
sequence of post-eutectic reactions: the script-like AlgCusNi and flaky-like Alg(FeCu)Ni phases formed in
addition to the Al,Cu and AlsSigCu,Mgg particles; this led to a substantial reduction in the alloy's freezing range.
The findings of this study can benefit and contribute to developing a new Al-Si based foundry alloys intended for
high-temperature applications.

Keywords:
Aluminium alloys
Transition metals
Microstructure
Solidification
Peritectic reactions
Thermal analysis

1. Introduction

Aluminium-Silicon based foundry alloys are widely used in the
automotive industry, particularly for pistons, cylinder blocks and
-heads, due to their low thermal-expansion coefficient, high wear
resistance, good corrosion resistance, and improved mechanical perfor-
mance [1,2]. A remarkable improvement in the mechanical properties
of Al-Si alloys can be achieved by alloying with Cu and Mg via
precipitation strengthening mechanism [3]. However, these Cu- and
Mg-rich precipitates can only be effective for strength and creep
resistance at temperatures below 200 °C [4]. At higher temperatures,
dissolution and/or coarsening of Cu- and Mg-rich strengthening parti-
cles can occur [5], hence, inducing an adverse effect on the mechanical
performance. Progress in fuel efficiency and performance of internal
combustion engines has led to an increase in the operating temperature
and pressure of the engines, thus indicating the need for developing
new creep resistant Al alloys [6]. One approach might be to enable the
formation of thermally stable and coarsening resistant precipitates

* Corresponding author.
E-mail address: rakhmonov@gest.unipd.it (J. Rakhmonov).
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inside the a-Al grains. Some transition metals (TM), such as Mo, Zr,
V and Sc, can yield a remarkable effect on retaining the strength of Al
alloys at higher operating temperatures due to their slow diffusivity in
a-Al, low solid solubility into the a-Al matrix with the possibility to
form trialuminide phases; these compounds possess low interfacial free
energy with a-Al [7,8].

The strengthening effect of TM in Al-Si alloys is, however, limited
primarily due to their quite low solid solubility in a-Al, which leads to a
low fraction of TM-rich precipitates after heat treatment. Furthermore,
TM-rich particles, such as AlsZr, tend to mainly concentrate at the
centre of a-Al grains, i.e. the TM-rich precipitates tend to distribute
unevenly throughout the microstructure formed during non-equili-
brium solidification because, ko, which is the equilibrium partitioning
coefficient for solidification, is greater than unity for some binary Al-
TM systems, such as Al-Zr. Alloying the binary precipitates (typically
trialuminides) with appropriate elements to yield ternary or quaternary
compounds can result in larger volume fraction and smaller average
diameter of the TM-rich precipitates, as well as the formation of TM-
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rich compounds with more desirable morphology [7,9,10].

Moreover, the level of TM in Al-Si alloys should be strictly
controlled, since their excess amount causes the precipitation of
primary TM-rich compounds during solidification. Although these
primary intermetallics appearing at the grain boundaries can be
beneficial to high-temperature mechanical performance [5,11], their
increased fraction can be also deleterious due to their undesired
morphology [12,13], and their action in depleting TM that would be
expected to remain inside the a-Al matrix [8,14]. Further, a greater
content of peritectic-forming elements can cause difficulties during
casting process, as the alloys then require higher melting temperature
[7].

The addition of appropriated levels of TM in Al-based alloys is also
necessary to contribute to the grain refinement of the alloy, which is
normally carried out by adding AlTiB-based grain refiners. However,
the combined presence of peritectic-forming elements (Zr and V) and
boron-containing inoculants can result in their mutual interactions; as a
consequence, neither effective grain refinement nor the formation of
favourable Zr- and V-rich particles can occur [15]. Although peritectic-
forming elements can induce grain refinement of the alloy [16], further
investigations in this regard can contribute on maximizing their
efficiency.

In this study, an attempt is made to investigate the effect of Ni, V
and Zr additions on the solidification path and microstructural evolu-
tion of secondary Al-7Si-3Cu-0.3Mg alloy, one of most used alloys in the
automotive industry for the engine production [17]. The aim of this
work is to compare the effect of combined and individual Ni, V and Zr
additions on macro- and microstructural features, such as the grain
refinement level and the characteristics (size, morphology, chemical
composition and crystal structure) of phases forming during solidifica-
tion. The findings of this study can allow gaining further understanding
of the role of TM-involved systems in the possibility of developing a
new generation of heat-resistant Al-Si based foundry alloys.

2. Experimental Details
2.1. Materials

Secondary Al-7Si-3Cu-0.3Mg alloy (equivalent to the US designation
A320) was supplied by Raffineria Metalli Capra and used as the baseline
material. The chemical composition of the alloy was measured by
optical emission spectrometry on separately poured samples and
presented in Table 1. Other elements, such as Bi, Sb, P, Ca, B and Sn,
are present in amounts less than 0.01 wt% and these elements are not
included in Table 1. The base material was then alloyed with Al-10V,
Al-5Zr and Al-25Ni (in wt%) waffle-shaped master alloys, when
necessary, and the concentration of Ni, V and Zr, shown in Table 2
were obtained. Chemical composition analyses were performed with
optical emission spectrometry.

A SiC crucible was used to melt about 3 kg material inside a
resistance-heated furnace at 760 °C. After homogenization at 760 °C
for at least 30 min, the melt was then stirred and the surface skimmed
to remove the dross. The molten metal was poured into a boron nitride-
coated cylindrical steel cup (outer diameter 45 mm, height 60 mm, and
a uniform wall thickness of 3 mm), preheated at 700 °C.

2.2. Thermal Analysis
The two-thermocouples method and differential scanning calorime-

Table 1
The chemical composition of as-received Al-7Si-3Cu-0.3 Mg alloy (wt%).
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try (DSC) were used for thermal analysis experiments.

For the two-thermocouples method, K-type thermocouples (1 mm),
fixed at the lid of the cup and covered with tightly fitting steel tubes,
were inserted into the melt, one in the centre and one adjacent to the
wall, 30 mm below the surface of the specimen. The temperature and
time were collected by means of a data acquisition system with a
sampling rate of 0.25s” !, analog-to-digital converter accuracy of
0.1 °C, and connected to a personal computer. The system was allowed
to cool in air and gave a cooling rate of 0.17 = 0.1°C/s in the
solidification interval. A minimum of two thermal analysis runs was
made for each experimental alloy. The thermocouples were calibrated
against the melting point of pure aluminium, assuming a melting point
of 933 K (660.0 °C). For each set of temperature/time relations in the
centre of the sample, the cooling curves and the corresponding
derivative curves were plotted to determine the characteristic tempera-
tures related to the formation of phases based on the first derivative
cooling curve approach [18]. The definition method and the description
of thermal analysis parameters used in the present study can be found
elsewhere [15].

For DSC analyses, cylindrical-shaped discs weighing about 35 mg
were drawn from the specimens used for chemical composition
analysis. The DSC analysis was carried out at a scan rate of 5 °C/min
for both heating and cooling conditions. A detailed explanation of DSC
operation can be found in Reference [19].

2.3. Metallographic Characterization

Samples for macro- and microstructural investigations were sec-
tioned transversely, near the tip of the thermocouple in centre region.
The samples then were mounted, ground and polished using the
standard procedure. Optical microscope (OM), scanning electron
microscope (SEM) coupled with energy-dispersive spectrometer (EDS)
and electron backscattered diffraction (EBSD) unit were used to
characterize the type and morphology of the phases. In order to reveal
grain boundaries, polished specimens were etched in concentrated
Keller's reagent (7.5 ml HNOs, 2.5 ml HF, 5 ml HCI and 35 ml H,0).

3. Results
3.1. Thermal Analysis

The cooling curves and the corresponding first derivatives obtained
from thermal analysis of Al-7Si-3Cu-0.3Mg and Al-7Si-3Cu-0.3Mg
+ Ni,V,Zr are shown as examples in Fig. 1a. The crystallisation region
of the main phases, such as a-Al, Al-Si eutectic and Cu-rich compounds,
can be easily observed [20]. The distinctive features between the
cooling curves are the formation temperatures of the a-Al phase and
the Cu-rich compounds. The lack of peaks related to the formation of
other phases, such as Ni-, V- and Zr-bearing particles can be explained
by a limited fraction of these phases precipitated in the specimen.
Table 3 presents a summary of the characteristic temperatures that
were determined by analyzing the cooling curves.

In addition to traditional thermal analysis, DSC of all experimental
alloys was carried out and the cooling and heating curves of two
different alloys are presented as examples in Fig. 1b. The cooling and
heating DSC curves of the base material (Fig. 1b) exhibit the same phase
reactions detected by means of thermal analysis, whereas the DSC
investigations of the Ni, V and Zr-containing alloy (Fig. 1b) reveals an
additional peak evolving due to post-eutectic reaction, and hence, this

Alloy Si Fe Cu Mn Mg Zn

Cr Ni Ti Pb Sr A Zr Al

Al-7Si-3Cu-0.3Mg 7.68 0.44 3.02 0.23 0.31 0.78

0.04 0.02 0.01 0.03 0.0001 0.01 0.01 Bal.
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Table 2
The achieved Ni, V and Zr contents in the alloys prepared for this study (wt%).
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Elem. Experimental alloys
A (Al-78i-3Cu-0.3Mg) A+V A + Ni,V A+ Zr A + Zr,V A + Ni A + Ni,Zr A + Ni,V,Zr
Ni 0.25 0.25 0.25 0.25
\ 0.25 0.25 0.25 0.25
Zr 0.12 0.12 0.12 0.12

peak is identified to be Ni-rich intermetallics [21]. This behaviour was
observed in all Ni-containing alloys.

Fig. 2 compares the cooling curves obtained from different experi-
mental alloys in the region of the a-Al formation. The Ni addition to the
base alloy has no apparent influence on the formation temperature of a-
Al; contrary, individual Zr or V addition tends to move the a-Al
formation towards higher temperatures, with even stronger influence
arising after combined Zr and V addition.

Nickel seems to largely affect the sequence of post-eutectic reac-
tions. The Ni-rich intermetallics precipitating prior to Cu-rich phases
can be responsible for the increase in the nucleation temperature of Cu-
bearing compounds, as well as the solidus temperature, which also
indicates the end of the growth of Cu-rich phases (Table 3). In the case
of the alloys containing only Zr and/or V, the reaction which is really
affected by the compositional variation is the nucleation of Cu-rich
phases, whereas the solidus temperature remains largely unaffected
(Table 3). This can be due to V- and/or Zr-rich particles affecting the
nucleation kinetics of the Cu-rich phases; however, a limited number of
Zr- and V-rich particles could be insufficient to nucleate all Cu-rich
particles.

Varying the alloying additions exerted no demonstrable influence
on the formation temperature of the Al-Si eutectic, as revealed by both
thermal analysis techniques. This finding implies that the nuclei
population remained unchanged regardless of the precipitation of Zr-
and V-rich phases prior to Si nucleation, i.e. there are no competition
between Zr- or V-rich particles and eutectic Si for a common nucleation
agent. This result indicates also how the presence of constitutionally
undercooled zone ahead of the eutectic interface after the Ni addition
produces no evident changes in the formation temperature of Al-Si
eutectic. This seems to be consistent with Reference [22], where it has
been reported how the addition of Cu, Ni and Mg has no apparent
influence on the nucleation frequency of unmodified Al-Si eutectic.
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3.2. General Macrostructure

The grain structure of four different alloys prepared for this study
are shown in Fig. 3, where it can be seen how the size of a-Al grains
appears to be significantly influenced by the compositional variations.
The equiaxed growth mode of a-Al grains seems to be achievable in all
cases. Nickel exerts no apparent influence on the size and morphology
of a-Al grains, whereas the addition of both V and Zr tends to further
decrease the grain structure. The mutual V and Zr additions appear to
be more effective in the grain refinement if compared to the impact of
individual V or Zr additions.

3.3. Microstructure and Phase Identification

3.3.1. General Microstructure

The typical microstructures of Al-7Si-3Cu-0.3Mg and Al-7Si-3Cu-
0.3Mg + Zr,V,Ni alloys are displayed in Fig. 4. The microstructure of
the base alloy exhibits a-Al matrix, Al-Si eutectic, Al,Cu, AlsSigCu,Mgs,
Al;5(FeMn)3Si, phases (Fig. 4a); in addition, small and rare
AlgMgsFeSig and Ca-, Bi-, Pb-rich particles are observed in the micro-
structure at higher magnifications. The introduction of V, Zr and Ni to
Al-7Si-3Cu-0.3Mg alloy resulted in the formation of respective V-, Zr-
and Ni-rich intermetallics in addition to the phases observed in the base
material (Fig. 4b). The effects of V, Ni and Zr additions on the
microstructural evolution of Al-7Si-3Cu-0.3Mg alloy are elaborated in
detail in the next sections.

The secondary dendrite arm spacing (SDAS) ranged around 60 pum,
remaining almost unaffected by the compositional variations; it is well-
known how the evolution of SDAS is highly dependent on the cooling
rate, rather than the small variations in solute amount.

3.3.2. Zirconium Addition

Zirconium, added to the base material, interacts with Si, Ti and Al at
an earlier stage of solidification, causing the precipitation of plate-like
or flaky AlSiZrTi compounds (Fig. 5), which are referred as (Al-
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Fig. 1. (a) Cooling curves and corresponding first derivatives obtained from the thermal analysis of Al-7Si-3Cu-0.3Mg alloy before and after 0.25% Ni, 0.25% V and 0.12% Zr additions;

(b) heating and cooling DSC curves obtained from the same alloys.

102



J. Rakhmonov et al.

Table 3

Characteristic temperatures from traditional thermal analysis of experimental alloys in (°C).
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Alloys Thue, Al Thnin, Al Trec, al

Thue, si Tonin, si Terowth, si Thuc, Al-cu Tsolidus

A (Al-7Si-3Cu-0.3 Mg)
A + Ni

A+V

A+ Ni, vV

A+ Zr

A + Zr, Ni

A+ V,Zr

A + Ni, Zr, V

600.12
601.35
606.3
606.6
605.04
606.3
609.2
609.6

595
594.42
599
599.13
598.45
599.4
603.12
603.4

2.9
3.08
2.2
2.07
1.95
1.9
1.78
1.74

573.12 567.61
566.35
566.45
566
567.06
566.7
566.28
566.1

567.67
566.32
566.65
566.3
567
566.63
566.31
566.23

497.2
504.5
499.5
507.41
498.7
503.54
500
505

459.26
473.5
455
476.12
459
472.64
457.13
474.52

573.4
573.77
573.34
572.9
573.1
572.12
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Fig. 2. Comparison of the cooling curves in the formation region of a-Al phase from all
the experimental alloys. Time-scale in the horizontal axis is adjusted for easy observation.

Si)3(TiVZr) phase in the literature [23]; however, the solid solubility of
V in AlSiZrTi particles appears to be limited in the present investiga-
tions, reaching up to 0.5 at.% in the Al-7Si-3Cu-0.3Mg + Zr,V or Al-
7Si-3Cu-0.3Mg + Zr,V,Ni alloys.

It has to be noted how the (AlSi)3(TiVZr) particles rarely appeared
in the microstructure and they were in a size range of 15-70 um. In
addition, these particles tended to act as heterogeneous nucleation sites
for the precipitation of Cu- and Fe-rich phases (Fig. 6), shifting the
nucleation temperature of Cu-rich particles towards higher tempera-
tures by ~3°C (see Alloys A (Al-7Si-3Cu-0.3Mg) and A + Zr in
Table 3).

3.3.3. Vanadium Addition

The V addition to Al-7Si-3Cu-0.3Mg alloy favoured the crystal-
lisation of polyhedral-shaped V-rich phase, (AlSi)>(VTiMn), in the
microstructure, with a size of ~15 pm. The phase was indexed well
with hexagonal CrSi, (Fig. 7), which is structurally isomorphous with
the Si,V phase [24]. Therefore, it is proposed that the formation of

(AlSi)»(VTiMn) occurs on the basis of Si,V phase. The presence of Al in
this phase can be due to the similarity in the atomic radius of Si and Al,
which can substitute each other [25]. Similar behaviour can be related
to Cr, Mn and Fe elements, all of which are more likely accumulating
into Si,V by substituting V. Zirconium shows no solubility in this phase,
while it is evident from Fig. 8 how some part of V can be bound to
Al 5(FeMn)5Si, phase [26,27].

As stated earlier, the nucleation temperature of Al,Cu increases
after V addition (see Alloys Al-7Si-3Cu-0.3Mg and Al-7Si-3Cu-0.3Mg
+ V in Table 3); however, this seems not to be the result of
(AlSi)»(VTiMn) phase, since these particles are few in number and no
physical interaction between (AlSi)»(VTiMn) and Al,Cu particles was
observed. Conversely, this can be due to the accumulation of some V
into Alyjs(FeMn)sSi, crystals affecting the precipitation sequence of
Al;5(FeMn)3Si, phase, and thus, the nucleation of Cu-rich compounds.

3.3.4. Nickel Addition

As mentioned earlier, two different Ni-rich phases appear in the
microstructure of the Ni-containing alloys, regardless of Zr and V levels.
These are Alg(FeCu)Ni and AlgCusNi phases, as confirmed by the
analysis of chemical composition and crystallographic structure
(Figs. 9 and 10). Due to low solid solubility of Ni in a-Al matrix,
almost all Ni tend to segregate into the interdendritic regions during
solidification, resulting in the formation of Ni-bearing intermetallics.
The monoclinic Alg(FeCu)Ni appears with the undesired morphology,
whereas the cubic AlgCuzNi compounds exhibit bone-like morphology.

4. Discussion
4.1. Zirconium and Vanadium Additions

The primary role of both Zr and V appears in refining the grain
structure of the alloys prepared for this study. With individual V or Zr
addition, a-Al grains tend to become finer, ~700 um, if compared to
the base material, ~1200 pm. The combined V and Zr addition seems to
exert further refinement of a-Al grains, ~500 um. The presence of
0.1 wt% Ti and 10 ppm B seems to be enough to induce a partial grain
refinement of the base material.

With the addition of Zr, the precipitation of primary pro-peritectic
particles can take place, nucleating the a-Al dendrites. Fig. 11 shows a

Fig. 3. Grain structures of Al-7Si-3Cu-0.3Mg alloy from thermal analysis test sections; the macrographs refer to (a) the base alloy and after (b) 0.12% Zr, (c) 0.25% V, and (d) 0.12% Zr

and 0.25% V additions.
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Fig. 5. SEM micrograph showing an AlSiZrTi particle with the corresponding EDS spectra
in the Zr-containing alloy (Alloy A + Zr).

Fig. 6. SEM micrograph showing the nucleation of Cu- and Fe-rich phases on AlSiZrTi
particles.

Zr-rich particle lying within the a-Al matrix. The EDS line-scan analysis
confirms that the particle remains unaffected by Si, V and Ti that are
present in the base material (see Fig. 11).

Therefore, considering the EDS results and the equilibrium Al-Zr
system, it is confirmed that the particles observed at, or near, the grain
centre are AlsZr particles, which is a potent nucleation site for the a-Al
phase [14,28,29]. This also implies that the peritectic reaction was
incomplete during solidification due to higher cooling rate than needed
for solid-state diffusion to occur. The mechanism of grain refinement by
Zr addition in Al alloys is well discussed in Reference [28]. The fact that
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some AlsZr particles tend not to interact with other elements can be
explained by considering their formation temperature. It is therefore
assumed that the particles forming in very early stages of solidification
tend to enrich Ti and Si due to the availability of time for this process to
occur, leading to the formation of coarse (AlSi)3(ZrTi) compounds;
whereas the AlsZr particles mainly appearing inside a-Al matrix,
probably form slightly prior to the formation of a-Al matrix, and as a
result, there is no time available for the enrichment of other elements,
such as Ti and Si, to occur.

Although it is confirmed how adding V induces grain refinement
(see Fig. 3), no any V-rich particles that would be responsible for the
grain refinement were revealed in the present investigation. According
to the binary Al-V phase diagram, several V-rich pro-peritectic pre-
cipitates, such as Al,,V, and Al;3V can form [30], all of which have low
interfacial energy with a-Al [8]. It seems that the formation of V-rich
pro-peritectic particles appears not to occur in the secondary Al-7Si-
3Cu-0.3Mg alloy, and instead, the formation of (AlSi),(VTiMn) particles
is more favourable. Further, a certain amount of V can accumulate into
a-Al;s(FeMn);Si, phase (see Fig. 8). Therefore, it is proposed that the
role of V is more apparent in increasing the growth restriction factor
(Q), which is a parameter used to measure the effect of solute on grain
refinement [31]

Q =mco(k — 1) €h)
where m is the gradient of the liquidus, c, is the alloy composition, k is
the partitioning coefficient. For multicomponent alloys, the Eq. (1) is
extended to include the contribution of each alloying element [32].
Although the concentration of V is quite low, 0.25 wt%, the m(k — 1)
factor is quite high in comparison to the other elements such as Si, Mg,
Cu, etc. Consequently, 0.25 wt% V can exert substantial impact in the
Al-Si alloys on undercooling the liquid lo a greater level in the
solidifying front, leading to the activation of heterogeneous nuclei
present in the liquid.

The role of V addition in refining the a-Al grains of Al-Si alloys is
disputed in the literature. A moderate grain refinement with the
addition of V has been observed [26,33]. Conversely, the V addition
has shown no apparent influence in other works [27,34]. It has been
also stated how V has no grain refining effect due to the poisoning effect
of Si [27]. Based on the findings of present study, it can be argued that
the role of V is significant in restricting the growth of a-Al crystals and
activating certain solid particles to nucleate a-Al phase.

The greater efficiency of combined Zr and V additions than the
individual ones on grain refinement can be associated with the
increased number density of heterogeneous nucleants, as well as further
enhanced growth restriction of a-Al grains. Fig. 12 shows how some
vanadium atoms are accumulated into Zr-rich particles, thus increasing
number density of potent nucleation particles.
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Fig. 8. SEM micrograph showing the presence of V in Al;s(FeMn)5Si, particle in Al-7Si-
3Cu-0.3Mg + V alloy.

Fig. 9. SEM micrographs showing Alg(CuFe)Ni phase, with corresponding EDS spectra.

It is known how minor Zr and/or V additions to Al-Si alloys can
result in the formation of secondary Zr- and V-rich dispersoids
throughout the microstructure upon heat treatment, leading to the
improvements of material's high-temperature mechanical properties
[12,13,35,36]. The precipitation strengthening effect of transition
metals in Al-Si alloys is significantly limited mainly due to their quite
low solid solubility in the a-Al phase; thus, the transition metals, added
into the melt, cause the formation of a limited number of TM-rich
precipitates in the microstructure. Further, TM-rich precipitates con-
centrate mainly in the central regions of a-Al grains.

Fig. 13 shows the distribution of Zr, V, Ti and Mn elements inside an
a-Al cell in Al-7Si-3Cu-0.3Mg + Zr,V. The centre of the cell is more
enriched with V and Ti. Although similar distribution is expected for Zr,
this appears uniformly distributed across the a-Al cell (see Fig. 13). This

behaviour can be associated with the crystallisation of primary Zr-rich
particles, causing the remaining liquid to become less-enriched with Zr.

Both non-homogeneous distribution of TM throughout the micro-
structure and the precipitation of primary TM-bearing particles are
undesirable for further heat treatments because the homogenization of
TM cannot be attained with the traditional heat treatments due to the
limited diffusivity of TM at conventional temperatures. Therefore, in
order for the precipitation strengthening with TM to be effective, the
solidification conditions and the content of TM in Al-Si alloys need to be
properly controlled. It is known how certain heat treatment's conditions
can lead to the precipitation of a high fraction of metastable coherent
trialuminides with cubic structure within a-Al matrix [37,38]. This
behaviour is highly desirable for the homogeneous distribution of
strengthening precipitates throughout the microstructure. Therefore,
further investigations concerning the precipitation of TM-containing
secondary precipitates upon subsequent heat treatment needs to be
carried out in order to gain further understanding of the role of Al-Zr-V-
Ti-Mn system in precipitation behaviour of TM-containing secondary
particles.

Manganese appears to be evenly distributed across a-Al (Fig. 13)
due to its partitioning coefficient, which is almost equal to unity. In the
present study, it has been observed how a certain amount of Mn can be
bound to TM-containing particles (Fig. 7).

4.2. Nickel Addition

The microstructural investigations revealed how Ni is almost
completely bound to Cu-rich phases, resulting in the formation of
AlgCusNi and Alg(FeCu)Ni intermetallic compounds (Fig. 14). Precipi-
tation of both AlgCusNi and Alg(FeCu)Ni particles can impart high-
temperature strength [21,39,40]. It has been stated how thermally
stable Ni-rich intermetallics tend to maintain better interconnectivity of
the eutectic network, that is contiguity [41]. The Alg(FeCu)Ni phase
exhibits plate-like or blocky morphology, which is undesirable due to
sharp edges of the particles that can act as crack initiation points. In
contrast, the AlgCusNi phase has a script-like morphology, as well as a
cubic structure, which makes the phase as more preferred one. The
similarity in crystallographic structure of the adjacent phases is thought
to maintain their coherency at elevated temperature expositions,
contributing to higher creep resistance of material.

However, since a certain amount of Cu is bound to AlgCusNi and
Alg(FeCu)Ni compounds, which remain almost undissolved during
solution heat treatment, lower amount of Cu is available for the
precipitation of secondary Cu-rich phases during aging treatment.
Accordingly, the strengthening contribution of Cu decreases.

In the present study, it was clearly evident that the precipitation of
AlgCu3Ni and Alg(FeCu)Ni throughout the microstructure was pro-
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Fig. 11. SEM image of Zr-rich phase in Al-7Si-3Cu-0.3Mg + Zr alloy with corresponding EDS line-scan, showing the distributions of Ti, Si, V and Zr elements.

moted with the addition of Ni (0.25 wt%), although the Al,Cu particles solidification parameters and the microstructural evolution of second-
remain as predominant Cu-rich compounds in the microstructure. Due ary Al-7Si-3Cu-0.3Mg alloy were investigated. The following conclu-
to the greater concentration of Cu (about 3 wt%) with respect to that sions can be drawn from this study.

analyzed in References [13,41], it is believed that a sufficient amount of

both Al,Cu secondary precipitates and Cu-Ni intermetallics can be ® With the addition of 0.12 wt% Zr, precipitation of primary pro-
obtained by applying an appropriate heat treatment processing route. peritectic Al3Zr particles occurs, leading to a considerable refine-

ment of a-Al matrix. The AlsZr particles lying within a-Al matrix
appear without any enrichment by Si and Ti. However, few numbers
of Al;Zr particles precipitating in very early stages of solidification
were found to interact with Si and Ti, loosening their potency to

5. Conclusions

The effects of individual and combined Ni, V and Zr additions on the
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Fig. 12. SEM image of Zr-rich phase in alloy Al-7Si-3Cu-0.3Mg + Zr,V with corresponding EDS line-scan, showing the distributions of Ti, Si, V and Zr elements.
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Fig. 13. SEM image of a-Al grain in Al-7Si-3Cu-0.3Mg + Zr,V alloy with corresponding EDS line-scan, showing the distributions of Zr, V, Ti and Mn elements.

Alg(FeCu)Ni / AlsSigCu,Mgs

Fig. 14. SEM micrograph showing post-eutectic Cu- and Ni-bearing phases formed in Ni-
containing Al-7Si-3Cu-0.3Mg alloy.

nucleate a-Al matrix. Furthermore, the formation of primary Zr-rich
particles causes a-Al matrix to be less-enriched with Zr, reducing its
ability to improve the mechanical properties. Thus, zirconium level
needs to be properly established by considering the alloy composi-
tion and solidification conditions to avoid the formation of primary
and undesired (AlSi)3(ZrTi) platelets.

With the addition of 0.25 wt% V, similar grain refining efficiency to
that of Zr addition was observed. However, the role of V appears to
be significant in increasing the growth restriction factor, thus
providing greater level of constitutional undercooling, causing some
particles to become active for nucleation of a-Al. Vanadium appears
to be also bound to primary polyhedral-shaped (AlSi)»(VMnTi) and
a-Fe phase, thereby, avoiding the formation of pro-peritectic V-rich
particles.

Combined V and Zr addition yielded a greater level of grain
refinement if compared to the individual Zr and V additions. This
is mainly attributable to the fact that some V accumulated into Al;Zr
particles, increasing the number density of Zr-rich trialuminides,
and also to the role of V in increasing the level of constitutional
undercooling.

Nickel addition tends to introduce changes in post-eutectic reactions
through the precipitation of AlgCusNi and Alg(CuFe)Ni phases, in
addition to Al,Cu and AlsSigCu,Mgg intermetallics. Initially-preci-
pitated Ni-rich intermetallics, in turn, consume some amount of Cu
and act as nucleation sites for Al,Cu and AlsSigCu,Mgg phases to
form, thus, decreasing the freezing range of the alloy. Cubic
AlgCu3Ni phase appears in Chinese-script morphology, thus can be
a preferable Ni-rich phase, if compared to the other Ni-rich

compounds, such as platelet-like Alg(FeCu)Ni phase.
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Abstract

The Al-Si-Cu alloys, which are widely used in automotive powertrain exhibit limited high-
temperature strength properties; the high diffusivity of the main strengthening elements Cu and Mg
in a-Al at temperatures between 473 (200) and 573 K (300 °C) is a dominating factor in alloy
softening. In this study, effects of slow-diffusing elements (Zr and V) and heat treatment on
microstructure and mechanical properties of secondary Al-7Si-3Cu-0.3Mg alloy were investigated.
Majority of both Zr and V were retained inside a-Al matrix during solidification. T6 heat treatment
induced the solid-state precipitation of multiple, nano-sized particles in a-Al grains interior. Unlike
Cu/Mg-rich strengthening precipitates that form during aging, the Zr/V-rich precipitates formed
during solution heat treatment, which indicates high potential for high-temperature strengthening in
Al-Si alloys via transition metals addition. Other transition metals, such as Mn, Fe, Cr and Ti,
which were present as impurities in the base alloy significantly promoted the formation of nano-
sized Zr/V-rich precipitates inside a-Al grains. These thermally more stable precipitates were
credited for the enhanced high-temperature strength properties of Al-7Si-3Cu-0.3Mg alloy by ~ 20
%.

Keywords
Al-Si alloys; Microstructure; Mechanical properties; High-temperature strength; Transition
elements;

1. Introduction
Light-weighting in the automotive industry for fuel efficiency has led to a large-scale application of
aluminum alloys. Some engine components, such as cylinder-head and -block, have been
increasingly fabricated using Al-Si-Mg or Al-Si-Cu-Mg alloys as these alloys offer a combination
of excellent casting characteristics and relatively high mechanical properties [1, 2]. The presence of
Cu and/or Mg in the alloy provides significant strengthening by precipitation hardening mechanism
[3]. However, the Cu/Mg-rich precipitates can only be effective for the strength at temperatures
below 473 K (200 °C) [4]. At higher temperatures, solute diffusion of Cu and Mg tends to be
increasingly effective in promoting the precipitate coarsening, also called Ostwald ripening, within
the matrix, thus contributing to the alloy softening [5]. The operating temperature in engine
combustion chamber can often exceed 473 K (200 °C) during service [6, 7]. Moreover, a further
increase in operating temperature is anticipated due to the expected enhancement in engine power in
near future, which indicates the necessity for the development of a new creep-resistant Al alloys [8].
A new alloy must resist degradation of mechanical properties at high temperatures [473 - 573 K
(200 - 300 °C)]. Addition of some transition metals, such as Sc, Zr, V, Mo, Ni and etc. are thought
to give this characteristic as these elements have low diffusivity in a-Al at higher temperatures and
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can form coherent or semi-coherent precipitates in stable and/or meta-stable states [9]. Owing to
low solid solubility in a-Al matrix, these transition elements, if added individually, make less
contribution to the strengthening of the material due to the limited volume fraction of precipitates
forming during heat treatment. Combined addition of appropriate types of transition metals, in
contrast, can yield higher volume fraction of precipitates, thus positively influencing the thermal
stability of the alloy [9, 10]. Adding transition metals in an effort to improve the high-temperature
mechanical properties of Al-Si based alloys has been a research topic of several studies [8, 11-18].
Kasprzak et al. [19] reported how minor Ti, Zr and V additions can yield the formation of nano-
sized (AlSi)3(ZrVTi) precipitates in grain interiors, however, their effect on high-temperature
tensile properties has been found to be negligible, which can be due to the limited volume fraction
of thermally stable precipitates. Shaha et al. [8] stated how the addition of 0.56 % Zr, 0.3 % V and
0.3 % Ti can improve the low-cycle fatigue properties of Al-Si-Cu-Mg based alloy due to the
formation of both interdendritic and intradendritic Zr/V-rich precipitates. However, the addition
levels of peritectic-forming elements need optimization as too high levels also lead to the premature
nucleation and growth of phases with undesired morphology, thus exhibiting deleterious impact on
alloy performance, as observed in References [13, 16]. Farkoosh et al. [20] found how the
interaction between the eutectic-forming Mn and peritectic-forming Mo leads to the formation of a
substantial volume fraction of Al(MoMnFe)Si precipitates inside a-Al matrix, with a significant
contribution to the high-temperature strengthening of Al-Si-Cu-Mg alloy. Shaha et al. [21] reported
that the formation of both micro- and nano-sized Mo/Mn-rich dispersoids formed in inter- and
intradendritic regions respectively enhanced high-temperature tensile properties of Al-Si-Cu-Mg
alloys. Nevertheless, too high level of Mn also tended to increase the volume fraction of
interdendritic compounds, thus deteriorating the alloy mechanical properties [20]. Hence, we can
infer that the introduction of appropriate types of transition metals and strict control of the addition
levels is a critical step in generating a microstructure more favorable for high-temperature
applications.

Moreover, there is no research in the literature with regard to the effects of adding Zr and V on
high-temperature mechanical properties of secondary (recycled) Al-Si-Cu-Mg based alloys, one of
the most used alloys for the engine production, particularly for cylinder head castings [22]. The
presence of trace (impurity) elements, such as Ti, Mn, Fe, Cr and Ni in minor levels in these alloys
may induce changes in the solid-state precipitation sequence due to their possible interactions with
deliberately-added transition metals, such as Zr and V, thus yielding the formation of various types
of precipitates inside a-Al grains at higher volume fractions.

This study thus attempts to investigate the effect of adding Zr and V and age-hardening heat
treatment on microstructural evolution and tensile properties of the secondary Al-7Si-3Cu-0.3Mg
alloy, with the aim of forming a new type of thermally stable, intradendritic precipitates having
potential in high-temperature strengthening of Al-Si based alloys.

2. Experimental procedure

A secondary Al-7Si-3Cu-0.3Mg alloy (EN AB-46300, equivalent to the US designation A320),
supplied by Raffineria Metalli Capra as commercial ingots was used as a baseline material. The Al-
10Zr and AI-10V (in wt-%) waffle-shaped master alloys were used to add to the base alloy melt and
prepare a new alloy. Hereafter, the new alloy prepared for this study is referred to as a (Zr/V-)
modified alloy. The melting of ingots was conducted in an electrical-resistance furnace at 1033 K
(760 °C). To produce Zr/V-modified alloy, the pre-calculated amounts of Al-10Zr and Al-10V
master alloys were added to the melt to achieve desired levels of Zr and V in the alloy. The H> gas
level and the melt temperature were continuously monitored using Alspek-H hydrogen gas analyzer
machine and the melt was stirred and surface skimmed 15 min prior to pour. The chemical

2



composition was analyzed using optical spectroscopy on the specimens separately poured at the
beginning and the end of every casting conditions; the averaged compositions of the base and Zr/V-
modified alloys are listed in Table 1.

A steel mold was used to produce castings. The casting design can be seen in Ref. [23]. The boron
nitride was used to coat the mold inner surfaces. At a time of pouring, the temperature of the die
was increased to 523 K (250 °C). The temperature was monitored by means of thermocouples
embedded in the die to ensure a good reproducibility of the tests. The average secondary dendritic
arm spacing (SDAS) of the produced castings was ~15 pum in both the base and Zr/V-modified
alloys.

The cylindrical tensile bars were sectioned from castings, and then, analyzed using Bosello SRE 80
industrial machine equipped with a macro-focus X-ray source to assure the soundness of the
specimens.

The age-hardening heat treatment (T6 state) of some selected specimens were then performed in an
air-circulating furnace; the solution heat treatment was performed at 758 K (485 °C) for 24 h and
then quenched in water at room temperature, followed by aging at 453 K (180 °C) for 8 hours. The
temperature for solution heat treatment was selected on the basis of the results from differential
scanning calorimetry (DSC) analyses performed in our previous research [24]. Longer solutionizing
time was applied to enable the precipitation reactions involving transition metals, such as Zr and V,
inside a-Al grains [25].

Several tensile specimens representing the base and Zr/V-modified alloys both in the as-cast and
heat-treated states were chosen for microstructural analyses and sectioned from the cross-section of
the gauge length. The specimens obtained were then mounted, grinded and polished following the
standard techniques. Optical microscope (OM), scanning electron microscope (SEM) equipped with
energy-dispersive spectroscopy (EDS) and transmission electron microscopy (TEM) equipped with
EDS were used to investigate the microstructure. Some microstructural features, such as the
roundness of Si particles, and the fraction of Fe-rich compounds, were quantitatively analyzed using
an image analyzer. Several optical micrographs, representing a total area of 5 mm?, were captured
from each specimen to obtain a statistical average of the analyzed parameters.

All the as-cast and heat-treated tensile bars were then machined to produce specimens with total
length of 175 mm, a gauge length of 65 mm, and a diameter of 10 mm. The tensile tests were
conducted at MTS 810 tensile testing machine at a strain rate of 107 s™!. The strain was measured
using a 25-mm extensometer. The as-cast specimens were only tested at room temperature [293 K
(20 °C)], whereas the heat-treated specimens were tested at both room [293 K (20 °C)] and high
temperatures [473 and 573 K (200 and 300 °C)]. For the cases of high-temperature tests, the tensile
specimens were held at testing temperature for 30 min before starting the test. At least four tensile
tests were conducted for each condition. Experimental data were collected and processed to provide
yield strength (YS), ultimate tensile strength (UTS) and elongation to fracture (% El).

Table 1. The chemical composition of the base and Zr/V-modified alloys (wt-%).
Alloy type Si  Fe Cu Mn Mg 7Zn Cr Ni Ti Pb V Zr Al
Base 78 046 3.1 023 032 0.78 0.040 0.02 0.1 0.03 0.01 0.01 bal
Modified 7.5 045 3.0 022 030 0.76 0.037 0.02 0.1 0.03 0.30 0.15 bal

3. Results

3.1 Microstructural evolution

Fig. 1 shows typical as-cast microstructures observed in the base and Zr/V-modified alloys. The
microstructure of the base alloy exhibits a-Al matrix, eutectic Si, Alis(FeMn)3Si> and Cu-rich
phases (see Fig. 1a); in addition, small and rare AlsMgsFeSis and Ca-, Bi-, Pb-rich particles are
observed in the microstructure, as discussed in detail in our previous study [26, 27]. Microstructural
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characterization of the Zr/V-modified alloy (see Fig. 1b) revealed the presence of Zr-rich
compounds in addition to the phases observed in the base alloy; these Zr-rich intermetallic
compounds are identified as (AlSi)3(ZrTi) phase [24]. The (AlSi)3;(ZrTi) compounds reside in the
interdendritic regions in a size range of 10 um (Fig. 1). The excess solute of V rejected into the
interdendritic liquid during alloy solidification was found to be solely bound to pro-eutectic o-
Alis(FeMn)3Si> compounds (see Fig. 2), thus slightly increasing the fraction of Fe-rich phases from
0.4 % in the base alloy to 0.5 % in the Zr/V-modified alloy. In our previous study [24], a few
amount of pro-eutectic (AlSi)2(VTiMn) compounds were detected in the microstructure generated
at a lower cooling rate corresponding to the SDAS value of ~65 um. In the present study, however,
higher cooling rate corresponding to the SDAS of ~15 um seems to retain more V in the a-Al solid
solution, thus avoiding the precipitation of pro-eutectic (AlSi)2(VMn) phase.

As shown in Fig. 3, both V and Zr added into the alloy tended to mainly concentrate in the a-Al
grain interiors. The Fig. 3 also shows how the peritectic-forming Zr and Ti tended to segregate
towards the core/centre of a-Al grains due to their partitioning coefficient, which is larger than the
unity, while Mn showed more homogeneous distribution over the cross section of a-Al matrix as its
partitioning coefficient is equal to unity. In other words, non-equilibrium solidification can result in
the inhomogeneous distribution of Zr and V inside the a-Al grains, i.e. positive and negative
segregation of these elements in dendrite cores and edges, respectively, due to a limited solid-state
diffusion (see Fig. 3).
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Flg 1. Typlcal microstructures of the (a) base and (b) Zr/V-modified alloys in as-cast states. The samples were etched
in a mixture of H>O and H>SOy, preheated to 70 °C to highlight Fe-rich compounds.
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Fig. 2. Typical EDS spectra of a-Alis(FeMn)sSi> phase observed in the (a) base and (b) Zr/V-modified alloys in as-cast
states.
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Fig. 3. SEM 1mageof o- Al graln in Zr/V-modified alloy with corresponding EDS line-scan, showing the distributions of
Zr, V, Ti, Mn and Cu elements.

Fig. 4 shows the typical microstructures representing the base and Zr/V-modified alloys after T6
heat treatment. Qualitative comparison of as-cast and T6 heat-treated microstructures indicates how
applying heat treatment changed the size and morphology of eutectic Si particles and led to the
dissolution of Cu/Mg-rich interdendritic particles into the a-Al matrix. It is known that eutectic Si
particles tend to undergo fragmentation and spheroidization during solution heat treatment [28].
Quantitative analysis of eutectic Si particles in the base and Zr/V-modified alloys revealed that the
roundness value changes from ~5 in the as-cast state to ~ 2 in the heat-treated state, respectively. A
few amounts of Cu-rich compounds still exist in interdendritic regions (see Fig. 4) indicating their
incomplete dissolution into the a-Al matrix, whereas the a-Alis(FeMn)3;Siz and (AlSi1)3(ZrTi) phases
showed no tendency to dissolve into the a-Al matrix and remained stable in grain boundaries and
interdendritic regions (Fig. 4 and Fig. 5).
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Fig. 4. Typical mlcrostructures of the (a) base, and (b) Zr/V-modified alloys in the heat-treated states. The samples were
etched in a mixture of H,O and H>SOs, preheated to 70 °C to highlight Fe-rich compounds.

X-ray mapping analyses (Fig. 5 and Fig. 6) suggest that the undissolved Cu-rich particles are mainly
AlsSisCuzMgg and some blocky AlLCu compounds; this indicates the necessity for higher
solutionizing temperature. Moreover, the trace amounts of Ni (~250 ppm) appears to be sufficient to
form some thermally more stable AIl-Ni-Cu interdendritic intermetallics, which remained
undissolved into the a-Al matrix during the solutionizing stage (Fig. 6).



Fig. 5. Backscattered electron image of a typical microstructure of Zr/V-modified alloy after T6 heat treatment with
corresponding EDS composition maps, showing the distributions of Zr, V, Cu, Mg and Fe elements.

Fig. 6. Backscattered electron image of a typical microstructure of Zr/V-modified alloy after T6 heat treatment with
corresponding EDS composition maps, showing the distributions of Al, Si, Mg, Ni and Cu elements.

It is known that the mechanical properties of Al-Si alloys containing Cu and Mg can be
significantly improved by applying the age-hardening heat treatment. The bright field (BF) TEM
micrographs in Fig. 7 show the precipitation occurred upon T6 heat treatment in the intradendritic
regions (0-Al grain interiors). The needle-like precipitates, which are believed to be 0" phase [29],
are dominant throughout the microstructure (Fig. 7). Detailed characterization of the solid-state
precipitation reactions involving Cu and Mg in Al-Si-Cu-Mg alloys can be found elsewhere [29-
31]. Comparison of the microstructures of the base and Zr/V-modified alloys revealed the presence
of Zr/V-rich precipitates inside a-Al matrix of Zr/V-modified alloy. Due to limited diffusivity of Zr
and V in a-Al matrix, the solid-state precipitation reactions involving these elements require higher
temperatures than that applied during aging stage. Microstructural investigations of the alloys after
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solution heat treatment and quenching stages confirmed the occurrence of solid-state precipitation
reactions involving Zr and V during solution heat treatment, as shown in Fig. 8. It is evident that the
density of precipitates in the Zr/V-modified alloy is substantially higher than that of the base alloy.
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Fig. 7. BF TEM micrographs showing the pfec1p1tation observed after T heat treatment in the (a) base and (b) Zr/V-
modified alloys.
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The EDS analysis of the base alloy (Fig. 9) suggests that a few precipitates observed in the a-Al
grain interiors are of a-Al(MnFe)Si type [32, 33]. The EDS investigation of the precipitates formed
in the Zr/V-modified alloy suggests the presence of three different types of Zr- and V-rich phases
(Fig. 10). The precipitate numbered 1 in Fig. 10a is believed to be the a-Al(MnVFe)Si phase, which
is also observed in the grain interiors of the base alloy in the form of a-Al(MnFe)Si [33-35]. The a-
Al(MnVFe)Si particles appear in plate-like morphology with the average size of 100 nm and
account for a major part of the precipitates formed during solution heat treatment of the Zr/V-
modified alloy. The role of V appears to be significant in promoting the precipitation of o-
Al(MnFe)Si by substituting Mn in this phase. The flaky-like Zr-rich precipitates numbered 2 in Fig.
10a and identified as (AlSi)3(ZrTi) in Ref. [19] are rarely observable in the a-Al grain interiors,
which can be due to the low solubility of both Zr and Ti in a-Al. The irregular-shaped V-rich
precipitate numbered 3 in Fig. 10a is believed to be an (AlSi)2(VCr) phase according to its
composition; however, further TEM investigations seem necessary to conduct the crystallographic
studies of this phase. This precipitate is also hardly apparent in the microstructure (grain interiors),
which can be explained by more preferential involvement of V in the precipitation of a-
Al(MnVFe)Si phase.
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Fig. 8. (a,b) Optical micrographs and (c,d) BF TEM micrographs showing the precipitates formed during solution heat
treatment of the (a,c) base and (b,d) Zr/V-modified alloys. Optical micrographs were obtained from the samples etched

in 1% HF for 30 s to reveal secondary precipitates.
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Fig. 9. (a) BF TEM micrograph showing the a-Al(MnFe)Si precipitate formed in a-Al grain interior during solution
heat treatment of the base alloy, and (b) EDS spectrum of a-Al(MnFe)Si precipitate shown in Fig. 9a.
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Fig. 10. (a) BF TEM micrograph showing the precipitates formed in a-Al grain interiors during solution heat treatment
of Zr/V-modified alloy; (b) EDS spectrum of Al(MnVFe)Si precipitate numbered 1 in Fig. 10a; (c) EDS spectrum of
(AIlSi)3(ZrTi) precipitate numbered 2 in Fig. 10a; (d) EDS spectrum of (AlSi)2(VCr) precipitate numbered 3 in Fig. 10a.

3.2 Tensile properties
Table 2 presents the room-temperature tensile properties in the as-cast and heat-treated states of
both the base and Zr/V-modified alloys. The response of both the base and Zr/V-modified alloys to
heat treatment seems to be similar. While the yield strength (YS) and ultimate tensile strength
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(UTS) of the base alloy increased from 155 and 248 MPa in the as-cast state to 364 and 415 MPa in
T6 heat treated states, respectively, the elongation to failure (% El) remained almost constant in the
range of ~ 2 % in both the as-cast and heat-treated states. The Zr/V-modified alloy exhibits slightly
better YS in both the as-cast and heat-treated states (see Table 2).

Table 2. Tensile properties with corresponding standard deviation (in parentheses) of the base and Zr/V-modified alloys
before and after T6 heat treatment at room temperature.

As-cast T6 treatment
Alloy type
YS UTS % El YS UTS % El
base 155 (5.2) 248.2 (2.8) 1.95(0.20) 364.4(2.8) 415.17(4.6) 1.98(0.26)
modified 158.6 (0.3) 248.8(1.5) 1.77 (0.12) 368.8 (2.1) 414.8(3.5) 1.7 (0.30)

Fig. 11 shows the tensile properties of the base and Zr/V-modified alloys after T6 heat treatment as
function of testing temperature. It is evident that tensile properties tend to decrease as the testing
temperature increases [36]; the YS and UTS of the base alloy decreased from approximately 364
and 415 MPa at room temperature to about 262 and 271 MPa at 473 K (200 °C), followed by a
further decrease to 83 and 86 MPa at 573 K (300 °C) testing temperatures respectively, whereas the
% El increased from ~2% at 293 K (20 °C) to approximately 2.5% at 473 K (200 °C), and 8% at
573 K (300 °C). Adding Zr and V showed no significant improvement on room-temperature tensile
properties of the alloy, however, With increasing the testing temperature, the positive effects of Zr
and V became more evident (Fig. 11a,c). The UTS and YS of Zr/V-modified alloys at 573 K (300
°C) testing temperature are higher by around 20 % compared to the base alloy. The achieved
improvement, however, was also followed by a slight decrease in % El (Fig. 11c).
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Fig. 11. A comparison of the tensile properties of the base and Zr/V-modified alloys after T6 heat treatment, obtained at
different testing temperatures: (a) yield strength, (b) ultimate tensile strength and (c) elongation to failure.
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3.3 Fractographic observations

The typical examples of SEM fractographs observed on the fractured surfaces of the studied alloys
tested at 293 (20) and 593 K (300 °C) temperatures are shown in Fig. 12. The presence of casting
defects, such as oxide inclusions and shrinkage, appear to govern the fracture of the tensile-tested
specimens; these casting defects can act as preferable sites for crack initiation [37]. Once the
damage is initiated by the casting defects, the propagation occurs through the cracking of
interdendritic brittle phases, such as eutectic Si and Fe/Cu-rich intermetallic particles, (see Fig. 13
and Fig. 14) due to the development of internal stresses in the particles by plastic deformation.
Microcracks originated in those interdendritic, brittle intermetallics propagate through the a-Al
matrix and subsequently connect to each other to produce the main crack.

As can be seen in Fig. 13, the main fracture profile line of the base and Zr/V-modified alloys in as-
cast state reflects the shape of dendritic structure. The cleavage fracture of eutectic Si and Cu/Fe-
rich intermetallics are evident. The plastically deformed microregions (micronecks) of the a-Al
dendrites are also noticed in both the base and Zr/V-modified alloys, which suggests that a mixed
interdendritic-transdendritic fracture mode was operative in the as-cast state of the studied alloys,
with the intergranular brittle fracture mode being the dominant one. The SEM fractograph
representing Zr/V-modified alloy in as-cast state also shows the tear ridges and fractured brittle
phases, such as Si and Cu/Fe-rich intermetallics (Fig. 15a). Since the a-Al matrix is relatively soft
and ductile, the stress incompatibilities evolved at the particle/matrix interfaces favour cracking of
brittle, interdendritic phases, which dominates the fracture mode [38].

Applying T6 heat treatment showed no significant influence on the fracture profile of the alloys
tested at room temperature (see Fig. 14a,d and Fig. 15b). Although solutionizing stage caused
spheroidization of eutectic Si particles, some Si particles still remained elongated and coarser and
these particles crack more easily as they possess lower fracture stress [39-41]. Although more
spheroidized Si particles in heat-treated alloys would contribute to higher elongation to failure, the
hardening of a-Al matrix induced by T6 heat treatment restrains the plastic deformation of a-Al
matrix. These microstructural changes can be responsible for having nearly the same elongation to
failure observed in both the as-cast and heat-treated states of the studied alloys.

When the testing temperature is increased to 473 K (200 °C), the fracture profile of the studied
alloys remains almost unchanged compared to the alloys tested at room temperature, even though
some dimples can be seen at fracture surfaces; a slight increase in the elongation to failure of the
alloys tested at 473 K (200 °C) temperature compared to the alloys tested at room temperature also
confirms the occurrence of slight plastic deformation. The absence of significant amount of dimples
on the fracture surfaces of the alloys tested at 293 (20) and 473 K (200 °C) temperatures (Fig.
15a,b,c) is an indication of the brittle fracture mode that was operative in these investigation
conditions.

Further increase of the testing temperature to 573 K (300 °C) resulted in brittle-to-ductile transition
of fracture mode in both alloys. Although interdendritic particles cracking and micronecks can be
also seen on the fractured surfaces (see Fig. 14c¢,f), the fracture path mainly follows the sheared a-
Al matrix (see Fig. 12). Fracture of the alloys tested at 300 °C was dominated by ductile dimple
fracture with the cavities containing multiple fragmented intermetallic phases (Fig. 15d) [38, 42].
Note that at low temperatures, a single dominant cleavage crack of brittle, interdendritic phases was
observable on the fracture surfaces (Fig. 15a,b,c). When the testing temperature is raised to 573 K
(300 °C), the a-Al matrix becomes much softer than at room temperature, thus increasing the
plasticity of the alloys.
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Fig. 12. Secondary electron micrographs showing the fracture surfaces of Zr/V-modified Al-7Si-3Cu-0.3Mg alloy in T6
heat-treated state and tested at (a) 293 (20) and (b) 573 K (300 °C) temperatures. The location of crack initiation, and
the casting defects, such as shrinkage and oxide inclusions, that initiated the crack can be seen.
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Fig. 13. Optical micrographs of fracture profiles, showing a mixed transdendritic- interdendritic fracture on (a) the base
and (b) Zr/V-modified alloys.
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Fig. 14. Optical micrographs of the tensile fracture profile of the (a,b,c) base and (d,e,f) Zr/V-modified alloys tested at
(a,d) 293 (20), (b,e) 473 (200) and (c,f) 573 K (300 °C) temperatures.
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Fig. 15. Secondary electron micrographs of fractured surfaces of Zr/V-added Al-7Si-3Cu-0.3Mg alloy in (a) as-cast and
(b,c,d) T6 heat-treated states and tested at (a,b) 293 (20), (c) 473 (200) and (d) 573 K (300 °C) temperatures.
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4. Discussion

4.1 Microstructural evolution and phase transformations
Although the added level of Zr in this study is quite low (0.15 %), a limited amount of primary
(Al1S1)3(ZrTi) compounds with flaky morphology can be seen throughout the microstructure (Fig. 1b
and Fig. 5). The majority of Zr and V added to the alloy tends to reside inside a-Al matrix (Fig. 3)
and contribute to the refinement of the a-Al grains [24]. The amount of V rejected to interdendritic
regions were solely bound to pro-eutectic a-Alis(MnFe)3Si> phase (Fig. 1 and Fig. 5), which caused
a slight increase of the fraction of interdendritic a-Alis(MnFe)3Siz in the microstructure. The
previous investigation [24] revealed the presence of interdendritic (AlSi)2(VMn) phase in the
slowly-solidified microstructure. On the contrary, in the present study, the higher cooling rate
appears to facilitate the a-Al solid solution to retain more V during solidification and, as a result,
lower amount of V can segregate to interdendritic regions, thus suppressing the formation of
(AlS1)2(VMn) phase. Worthy to note that the selected addition levels of V (0.3 wt. %) and Zr (0.15
wt. %) in the present study, showed no significant influence on the fraction of insoluble
intermetallics.
Solution treatment, which is the first stage of T6 heat treatment, is normally applied to dissolve
interdendritic Cu- and Mg-rich particles into the a-Al matrix, and also spheroidize the eutectic
silicon particles [3, 28, 43]; however, this study also revealed that the solutionizing stage can also
promote the precipitation of a large volume fraction of Zr/V-rich precipitates inside a-Al matrix
(see Fig. 8b,d). Considering that the peritectic-forming Zr and V elements tend to partition towards
the a-Al grain cores during solidification and remain in a-Al solid solution (Fig. 3) and their excess
amounts tended to form the insoluble, interdendritic intermetallics (see Fig. 5), it can be thus
inferred that the supersaturated Zr and V amounts in solid solution of a-Al matrix obtained during
non-equilibrium solidification can be only involved in the solid-state precipitation occurring inside
a-Al matrix.
As mentioned earlier, a very limited amount of a-Al(MnFe)Si precipitates formed in a-Al grain
interiors of the base alloy at solution heat treatment stage (see Fig. 8a,c). Since Mn is normally
added to promote the formation of a-Alis(MnFe);Si> over B-AlsFeSi during solidification [27],
some amount of Mn can also accumulate into primary a-Al matrix during solidification. Non-
equilibrium solidification, in turn, can also result in the supersaturated Mn, Cr and Fe in a-Al solid
solution; hence, the solid-state precipitation reaction involving Mn occurred during solution heat
treatment.
As stated earlier (Section 3.1), the presence of V in the Zr/V-modified alloy significantly increased
the density of a-Al(MnFe)Si intradendritic precipitates. This behavior can be explained by the
peritectic nature of V and its ability to substitute Mn in a-Al(MnFe)Si phase. The combined
involvement of V and Mn to form precipitates in the a-Al grain interiors is highly beneficial; the
partitioning behavior of V during solidification is opposite to that of Mn and this behavior can lead
to a more uniform distribution of the precipitates. Moreover, both Mn and V are the slow diffusers,
with relatively high solid solubility in a-Al; hence, the solid-state precipitation of a-Al(MnVFe)Si
phase occurs in relatively high-volume fractions. It can be also noted that the size of precipitates is
in the order of 100 nm (see Fig. 9 and Fig. 10), which is significantly larger than the Cu-rich
precipitates formed at ageing heat treatment stage (see Fig. 7). Muggerud et al. [32] investigated the
solid-state precipitation behavior of a-Al(MnFe)Si in direct-chill cast 3xxx alloy annealed at 648 K
(375 °C) for a various time duration, and it has been found that too long annealing time
considerably decreases the volume fraction of precipitates due to their coarsening behavior.
Optimization of solution heat treatment parameters of secondary Al-7Si-3Cu-0.3Mg alloy with Zr
and V additions may result in the precipitation of a-Al(MnVFe)Si in smaller sizes and higher
number density, thus contributing much better to the high-temperature strengthening of Al-Si
alloys. Majority of a-Al(MnVFe)Si precipitates possess nearly a cubic shape and seem to have the
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same orientation to the a-Al matrix. The a-Al(MnFe)Si dispersoids have been recently shown to be
partly coherent with the Al matrix [37].

The solutionizing stage also caused the a-Al solid solution supersaturated with Zr to decompose and
precipitate inside the a-Al matrix in the form of (AlSi)3(ZrTi) phase in a very limited amounts and
average length of around 100 nm. Gao et al. [21] have reported how Ti and V can accumulate into
AlzZr phase [44]; however, in the present study, only Ti, which is present in the alloy as a trace
element, tended to substitute Zr, whereas V showed no tendency to contribute to the formation of
(AlS1)3(ZrTi) phase. This can be due to a more favorable involvement of V in the formation of a-
Al(MnVFe)Si phase. Sepehrband et al. [25] revealed that solution heat treatment of A319 alloy
containing Zr, at 778 K (505 °C) for 24 h caused the precipitation of Al;Zr particles with the length
of around 210-250 nm in grain interiors. The smaller size of these rod-like precipitates observed in
the present study can be due to lower solutionizing temperature [758 K (485 °C)] applied. In a
recent study, the (AISi)3(ZrTi) precipitates have been shown to be partly coherent with the Al
matrix [19].

A few amounts of V appear to be also bound to irregular-shaped V-rich precipitate, which is
believed to be (AlSi)2(VCr) phase, in the a-Al grain interiors, however, further crystallographic
investigations of this precipitate are necessary.

It is worthy to note that the presence of several types of transition metals, such as trace (impure)
Mn, Fe, Ti and Cr, and deliberately-added Zr and V, in the Zr/V-modified alloy yielded the
formation of substantial volume fraction of Zr/V-rich precipitates during solution heat treatment
stage (see Fig. 8).

4.2 Microstructure-property relationship

The addition of Zr and V showed a slight influence on the tensile properties of Zr/V-modified alloy
in the as-cast state; the YS increased slightly by ~5 MPa, which can be associated with the
contribution of alloying additions to solid solution strengthening [45].

The role of T6 heat treatment in the strengthening of Al-Si-Cu-Mg based alloys is well-known [28].
The solid-state precipitation reactions involving Cu and Mg can provide significant strengthening
by precipitation hardening mechanism [28]; comparison of the tensile properties of the base and
Zr/V-modified alloys reveals slightly higher YS by ~4 MPa in Zr/V-modified alloy. This indicates
that the enhanced properties of both alloys upon T6 heat treatment is primarily the consequence of
intradendritic Cu/Mg-rich precipitates while the influence of intradendritic Zr/V-rich particles on
alloy strength at room temperature appears to be negligible.

Increasing the testing temperature decreased the tensile properties (UTS and YS) of both alloys
(Fig. 11a,b). It is also noticed (Fig. 11a,b) that UTS parameter is more sensitive to temperature
compared to YS of the alloys [47]. With increasing the temperature, the cross slips are thermally
activated by climbing of dislocations resulting in the reduction of material strength [13, 21, 36, 48].
In addition, the solute diffusion of Cu and Mg becomes increasingly effective in promoting
precipitate coarsening within the matrix, hence further contributing to the alloy softening [5, 36].
Comparison of the tensile properties of the alloys as function of testing temperature (Fig. 11a,b)
indicates that the effect of Zr and V additions seems to be more evident at high temperatures; both
the YS and UTS parameters of the Zr/V-modified alloy are higher by ~ 20 % with respect to the
base alloy. This improvement is attributed to the formation of intradendritic V/Zr-rich precipitates,
which are much more thermally stable in comparison with the Cu/Mg-rich precipitates.

The effect of adding Zr and V on elongation to failure remains almost negligible (see Fig. 11c¢),
which can be explained by the fact that both Zr and V tended to concentrate mainly in grain
interiors during solidification, and showed less impact on the evolution of insoluble, interdendritic
intermetallics.
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Conclusions
The effects of combined V and Zr additions, and heat treatment on microstructure and mechanical
properties of the secondary Al-7Si-3Cu-0.3Mg alloy were investigated. The following conclusions
can be drawn from this study.
Majority of Zr and V added to the alloy were retarded inside o-Al matrix during solidification. The
excess Zr amount that was rejected to interdendritic regions during alloy solidification was involved
in the formation of flaky-like, interdendritic (AlSi)3(ZrTi) compounds, whereas excess V was bound
to script-like Alis(MnFe)3Siz phase. A slight increase in yield strength of Zr/V-modified alloy in the
as-cast state can be attributed to the solid solution hardening effects of V and Zr.
Upon heat treatment, the interdendritic intermetallics containing Zr and V, such as (AlSi)3(ZrTi)
and Alis(FeMnV)3Si> compounds, remained undissolved into the a-Al matrix. The supersaturated
solid solution of Zr and V in a-Al matrix, obtained during solidification, tended to decompose and
precipitate inside a-Al grains during solution heat treatment stage. The interaction between the
deliberately-added Zr and V, and impure (trace) Mn, Fe, Ti and Cr elements promoted the
formation of a substantial volume fraction of multiple intradendritic, nano-sized precipitates: the
blocky-like a-Al(MnVFe)Si, the flaky-like (AlSi)3(ZrTi) and the irregular-shaped (AlSi)2(VCr)
phases. The a-Al(MnVFe)Si accounted for the major part of the thermally stable phases formed
during solutionizing stage; the interaction between peritectic-forming V and eutectic-forming Mn to
form the o-Al(MnVFe)Si precipitate is believed to be highly beneficial due to their opposite
partitioning behavior, as well as their higher solubility and lower diffusivity in a-Al matrix. An
increase of the UTS and YS of Zr/V-modified alloy with respect to the base alloy at elevated
temperatures by ~ 20% are believed to be the consequence of the thermally stable precipitates
formed during solution heat treatment.
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